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Abstract 
 

Lithium-ion batteries are widely used in portable electronics and electric vehicles. 

However, due to the presence of flammable liquid electrolytes, these devices fail 

catastrophically when the cell experiences a short circuit. One attractive solution to this 

problem is a solid-state battery. As the name implies, the flammable liquid electrolyte is 

replaced by a non-flammable solid-state electrolyte (SSE). The unexpected, yet frequently 

observed failure mechanism in these devices is the formation and growth of lithium 

dendrites originating at the interface between the lithium anode and the SSE. As the 

dendrites grow, device performance degrades. Once the dendrites completely penetrate the 

SSE, the device short circuits and fails. To better understand the deformation mechanisms 

controlling the stress concentrations thought to be the precursor to dendrite formation, this 

dissertation is focused on experimentally identifying the stress relaxation mechanisms 

operating in small, constrained volumes of high purity metals subjected to high 

homologous temperatures. To that end, high-purity indium is the model material examined 

here. Using nanoindentation and electron microscopy, the stress relaxation mechanisms 

controlling flow have been studied at length scales where the probability of finding 

dislocations is low. The significant finding is a unique, length-scale dependent competition 

for stress relief wherein indium, like lithium, is found to be capable of supporting 50 times 

the expected stress at indentation depths less than 600 nm. In conjunction, nanoindentation 

creep experiments have been performed within two distinctly different deformation 

regimes. An analytical model has been developed to rationalize the magnitude of the stress 

exponent based on the dominant deformation mechanism operating within each regime. 

Collectively, these results provide significant new insight into the stress relaxation 

mechanisms operating in small, constrained volumes of crystalline metals subjected to high 

homologous temperatures. 
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1 Chapter 1: Introduction 
 

The goal of this research is to develop new knowledge about the deformation mechanisms 

that control the length scale dependent competition for stress relief in small volumes of 

bulk indium at a high homologous temperature. Because the mechanical behavior of 

indium is similar to that of lithium, this knowledge will directly support the engineering of 

next generation solid-state battery materials designed to solve the dendrite problem, 

eliminate the formation and growth of lithium dendrites at the interface between a lithium 

anode and solid electrolyte. Solving the dendrite is a global challenge that has alluded by 

scientific community for the past 30 years [1-9]. 

To fulfil the promise of solid-state energy storage, critical gaps need to be filled in 

understanding the mechanical behavior of lithium at length scales commensurate with the 

dimensions of morphological defects (e.g., grain boundaries, grain boundary grooves, 

pores and microcracks) at the interface between a lithium anode and the solid electrolyte 

separator. The unresolved problem is that inhomogeneous deposition of lithium within 

these interfacial defects nearly 350 times larger than the nominal yield strength of bulk, 

polycrystalline lithium [3]. In a manner that depends on the strain rate, the stress 

intensification within these interfacial defects can cause mode I fracture of the solid 

electrolyte, thereby, leading to localized mechanical failure that enables the formation and 

growth of metallic lithium dendrites into the flaw [3-5]. Engineering next generation 

materials designed to maximize the mechanical stability of the interface will require a 

complete and comprehensive understanding of the mechanical behavior of lithium as a 

function of length scale. The difficulty in working with lithium, however, is that it is highly 

reactive. Even in the controlled atmosphere of a glovebox, pristine lithium surfaces are 

rendered useless due to contamination within 2-3 days. Rather than coping with the time 

constraint imposed by lithium’s reactivity, well-annealed, high-purity indium was selected 

as a less reactive mechanical surrogate for lithium. A detailed comparison between indium 

and lithium is provided in Chapter 2. In summary, the two metals exhibit very similar 
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mechanical behavior at room temperature, although indium does favor interface rather than 

volume diffusion due to its lower self-diffusion coefficient.  

 

 

1.1 Background 
1.1.1 Instrumented Indentation 
 

Instrumented indentation or nanoindentation is an experimental technique used to examine 

the mechanical behavior of small volumes of material. In practice, the measurement system 

functions as a mechanical properties microprobe. In its most basic form, an indenter tip of 

some known geometry is driven into the surface of the test specimen. The load is typically 

controlled (electromagnetic actuation) and the corresponding displacement is measured (3-

plate capacitance gauge). After correcting for the instrument’s compliances and accounting 

for thermal drift, the resulting load-displacement data represent the material’s mechanical 

finger print. Among the commonly measured properties are hardness, elastic modulus, and 

the stress exponent for creep [10]. The most frequently used indenter tip geometries are the 

Berkovich (3-sided pyramid with a centerline-to-face angle of 65.3°), cube corner (3-sided 

pyramid with a centerline-to-face angle of 35°), Vickers (4-sided pyramid with a 

centerline-to-face angle of 68°), cones, spheres and flat punches. Pyramidal and conical 

indenters are geometrically self-similar. At indentation depths beyond the inevitable 

rounding at their apex, these indenter tips impose a constant characteristic strain. Indenter 

tips are generally selected based on the desired test results. Among the self-similar indenter 

tip geometries, the Berkovich is the workhorse. In comparison to the Vickers, both impose 

similar strains, but the Berkovich is easier to accurately manufacture to small length scales 

because the 3 faces inevitably come to a point rather than a line. In comparison to the cube 

corner, the Berkovich imposes significantly less strain (bigger angle) and minimizes the 

effects of friction, which is a commonly encountered modeling assumption. Spherical 

indenter tips find use in applications where their lack of geometric self-similarity enables 

properties to be measured as a function of strain.  
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As a pyramidal indenter is driven into the surface of a material, the resulting deformation 

is elastic-plastic. Theoretical analysis of stress field is very difficult due to the complexities 

of the non-uniform strain. The most widely used analytical approximation is that of 

Johnson [11]. Building on the work of Marsh and Hill [12, 13], Johnson proposed the 

deformation beneath the indenter could be described as a radially expanding cavity 

comprised of an incompressible hemispherical core subjected to an internal pressure, the 

so called “expanding cavity” model. This pressure forces the surrounding material to 

expand radially to accommodate the material displaced by penetration of the indenter. In 

metals, this hydrostatic stress core grows in a geometrically self-similar fashion dictated 

by the material’s ratio of elastic modulus to yield strength and the material’s ability to work 

harden [11]. Figure 1.1 shows a schematic illustration of the expanding cavity model. 

 

 

Figure 1.1 The expanding cavity model 
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Hardness: Calculations and Physical Meaning 
 
The most common definition of hardness, 𝐻𝐻, from instrumented indentation is  
 

 

𝐻𝐻 =
𝑃𝑃
𝐴𝐴

 (1.1) 

 

where 𝑃𝑃 is the applied load and 𝐴𝐴 is the projected contact area [10, 14]. Because 

nanoindentation experiments are typically terminated at indentation depths less than 1 µm, 

the projected contact area is not generally measured using optical or electron microscopy. 

Instead, the area is determined based on analytical models used to determine the contact 

depth, ℎ𝑐𝑐, based on experimentally measured parameters and the geometry of the indenter 

tip. The ideal mathematical relationship between 𝐴𝐴 and ℎ𝑐𝑐, known as the area function, is 

shown for several indenter tip geometries in Table 1.1 [10]. 

 

Table 1.1. Area function for different tip geometries [10] 
Tip Geometry Projected Contact Area 

Berkovich 𝐴𝐴 = 24.56ℎ𝑐𝑐2 
Sphere 𝐴𝐴 = 2𝜋𝜋𝜋𝜋ℎ𝑐𝑐 
Cone 𝐴𝐴 = 𝜋𝜋 tan2 𝜑𝜑 ℎ𝑐𝑐2 
Flat-ended cylinder 𝐴𝐴 = 𝜋𝜋𝑟𝑟2 

* 𝑅𝑅 is the indenter tip radius 
* 𝜑𝜑 is the half-included angle of the cone 
* 𝑟𝑟 is the radius of the flat punch, 𝐴𝐴 ≠ 𝑓𝑓(ℎ𝑐𝑐) 

 
 
Deviations from the ideal area functions are commonly observed. Particularly at small 

indentation depths (ℎ ≤ ~150 nm) or for small radii spheres (𝑅𝑅 ≤ ~50 µm). Under these 

conditions, the indenter tip area function is experimentally measured using a reference 

material with a known elastic modulus.  

In addition to hardness, instrumented indentation also routinely yields Young’s modulus 

or the elastic modulus, 𝐸𝐸, which is calculated directly from a parameter known as the 

reduced modulus, 𝐸𝐸𝑟𝑟, 
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𝐸𝐸𝑟𝑟 =
1
𝛽𝛽
√𝜋𝜋
2

𝑆𝑆
√𝐴𝐴

 (1.2) 

 
where 𝛽𝛽 is a geometric constant based on the indenter tip geometry, 𝑆𝑆 is the elastic contact 

stiffness (defined as the slope of the unloading curve evaluated at the maximum indentation 

depth) and 𝐴𝐴 is the projected contact area [10, 14]. In turn, the reduced modulus gives 𝐸𝐸 

from 

 

 

𝐸𝐸 = (1 − 𝜐𝜐2) �
1
𝐸𝐸𝑟𝑟
−

1 − 𝜐𝜐𝑖𝑖2

𝐸𝐸𝑖𝑖
�
−1

 (1.3) 

 
 
where 𝜐𝜐𝑖𝑖 and 𝐸𝐸𝑖𝑖 are Poisson’s ratio and Young’s modulus of the indenter, respectively, 𝜐𝜐 

is the Poisson’s ratio of the sample [10, 14].  

 

1.1.2 Indentation Creep 
 
Creep is time-dependent plastic deformation driven by a constant or time varying stress 

applied at a high homologous temperature. Because creep is a thermally activated process, 

it can occur at stress levels well below the material’s yield strength. The basic form of the 

constitutive equation describing creep is the power law relation 

 

𝜀𝜀̇ = 𝛼𝛼𝜎𝜎𝑛𝑛 (1.4) 

where 𝜀𝜀̇ is the steady-state creep rate, 𝛼𝛼 and 𝑛𝑛 are material constants, the creep coefficient 

and the stress exponent for creep, respectively, 𝜎𝜎 is the stress, constant. Both 𝛼𝛼 and 𝑛𝑛 are 

experimentally determined from creep experiments performed on bulk test specimens 

subjected to uniaxial tension under a constant load. Under steady-state creep conditions, 𝛼𝛼 

and 𝑛𝑛 are given by the intercept and slope of a log-log plot of strain rate versus stress. Of 
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primary interest in this work (Ch. 3), is the relationship between 𝑛𝑛 and the dominant 

mechanism of action controlling flow. Table 1.2 summarizes these relationships in the 

context of bulk materials and the mechanisms operating within the stressed volume 

supporting the indenter tip [15].  

Table 1.2.Characteristic creep mechanisms. 
𝒏𝒏 Mechanisms 

Intragranular dislocation mechanisms 
1 Harper-Dorn creep 
3 Dislocation glide 

≥ 4.5 Dislocation climb 
Diffusional creep & vacancy flow 
1 Nabarro-Herring creep 

 

Nanoindentation studies of creep typically adopt the same constitutive relationship, Eq. 

(1.4). However, unique differences in the test geometry do not permit a direct correlation 

between the creep coefficient, 𝛼𝛼, measured in uniaxial tension and nanoindentation [16]. 

The stress exponent, 𝑛𝑛 on the other hand, has been found to correlate well, but only in the 

limit of creep governed by dislocation glide and climb. Prior to the work presented in Ch. 

3, only one indentation study has attempted to correlate 𝑛𝑛 when diffusion is the dominant 

flow mechanism [17]. Under those conditions, the authors argue 𝑛𝑛 = 1 regardless of the 

test geometry (bulk versus nanoindentation). Through the analysis and results presented in 

Chs. 2 and 3, this dissertation presents a unique diffusional flow model that contradicts this 

poorly founded convention. It predicts 𝑛𝑛 ≠ 1 for nanoindentation and, moreover, that 𝑛𝑛 

depends on the indenter tip geometry.  

 
 
 

1.1.3 Beyond Li-ion Batteries 
 
Because of their high specific energy density and low weight, lithium batteries are used for 

portable electronic devices and electric vehicles [18-20]. However, the conventional liquid 

electrolytes used to separate the battery’s electrodes are flammable, leading to catastrophic 
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failures when the devices short circuit [21]. A potential solution to this problem is the solid-

state battery [9, 21]. As the name implies, all the components of the battery, including the 

electrolyte are solids. Non-flammable solid electrolytes significantly improve safety and 

directly enable the use of a pure metallic lithium anode, thus, potentially yielding the safest, 

lightest and smallest batteries possible [21].  

Traditional battery research generally focuses on the optimization of energy, power, 

capacity, interfacial resistance, ionic conductivity, cycle life etc. While each of these 

metrics is vital to solid-state battery (SSBs) performance, it has become apparent that the 

mechanical stability of each component and their corresponding interfaces is equally 

important. Practical experience with prototype solid state lithium metal batteries has shown 

that lithium has a remarkable propensity to penetrate and fracture even the strongest 

electrolyte materials. This unexpected outcome highlights a significant barrier to realizing 

the full potential of this transformative technology. Engineering materials to solve this 

problem will require filling critical knowledge gaps. Among them is understanding how 

and why some stress concentrations at the interface between a lithium anode and a solid 

electrolyte can exceed the bulk yield strength of lithium by more than two orders of 

magnitude. The extent to which this knowledge gaps can be filled will provide direct 

insight into the stresses that must be relieved by materials engineered to enable next 

generation devices. 

 

 

1.1.3.1 Lithium dendrite formation and growth 

Over the past 10 years, different approaches have been taken to prevent the formation and 

growth of lithium dendrites originating at the interface between a lithium anode and a solid 

electrolyte separator [22]. The most widely adopted approach today is the use of a ceramic 

separator comprised of lithium, lanthanum, zirconia, and oxygen with minor additions of 

aluminum or tantalum, known as LLZO. This separator was chosen because of its relatively 

high ionic conductivity and its perceived ability to function as the proverbial brick wall, 

mechanically suppressing the formation and growth of lithium dendrites through its high 

elastic modulus (~150 GPa). However, the experimental work of Cheng et al. [23] 



8 

demonstrated that metallic lithium is fully capable of penetrating completely through 

LLZO by propagating along its grain boundaries. When the grain boundaries are removed 

(single crystal LLZO), metallic lithium simply finds another morphological defect at the 

interface to exploit. As the localized stress increases, the defect propagates through the 

LLZO until the device fails by short circuiting. These observations raise a critical question. 

How does lithium force a ceramic separator to fail by fracture?  

As reported by Xu et al. [8], the yield strength of lithium micropillars loaded in uniaxial 

compression is inversely proportional to the diameter of pillar. The yield strength, defined 

as the stress at which the first significant strain burst occurs, increases from 15 to 105 MPa 

as the pillar diameter decreases from 9.45 to 1.39 μm. Xu et al. conclude that the room 

temperature size effect can be rationalized by one of two mechanisms: Dislocation 

multiplication-driven plasticity or, dislocation nucleation-governed plasticity (frequently 

observed in single crystalline metals at small length scales) [8]. While Xu was the first to 

experimentally observe the length scale dependent strength of lithium, he did not offer a 

detailed mechanistic rationalization beyond dislocation nucleation. 

 
 

1.1.3.2 Understanding the competition for stress relief through nanoindentation 
 

During charging, lithium ions travel through the separator and plate to the anode. Ideally, 

the plating occurs one atomic layer at a time and in a manner that is nominally stress free. 

In reality, any morphological deviations from a planar interface between the anode and 

separator create a gradient in the chemical potential that drives the incoming lithium ions 

to preferentially plate out into the defects [24]. This preferential diffusion of lithium results 

in a competition for stress relief. In the absence of mobile dislocations or operable 

dislocation multiplication sources within the stressed volume, other stress relief 

mechanisms are naturally activated. Among these are stress directed self-diffusion of 

lithium and fracture of the solid electrolyte separator. When lithium’s diffusion 

mechanisms become overwhelmed due to high strain rates and or long diffusion distances, 

then diffusive flow becomes ineffective, thus, favoring fracture of the separator. 
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To better understand the stress lithium can support under these conditions, nanoindentation 

experiments were performed in high-purity lithium films [2-4]. Figure 1.2 shows the 

measured hardness as a continuous function of depth and strain rate. The colored lines 

represent rationalizations of the depth and strain rate dependent hardness based on volume 

diffusion to the free surface (Nabarro-Herring) and non-conservative dislocation motion 

(Harper-Dorn). At slower strain rates, the mean pressure (hardness) increases with depth 

due to the increase in the diffusion length. As the strain rate increases, volume diffusion 

becomes less efficient due to time constraints and, therefore, the pressure increases with 

strain rate. At the highest strain rate, volume diffusion becomes effectively inoperable and 

forces the stress relief to revert to non-conservative dislocation motion, which is very 

inefficient at small length scales, but becomes increasingly efficient as the stressed volume 

increases, as shown by the observed decrease in pressure with depth. The discernable kink 

in each data set is representative of the transition from diffusion to shear driven dislocation 

glide. In a manner that depends on the length scale and strain rate, these data show the 

pressure with lithium filled interface defects is capable of reaching on the order of 200 MPa 

[3].  
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Figure 1.2. Hardness vs. depth for Li thin films (different strain rates) [3] 
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Figure 1.3. Representative load-displacement curves in high-purity lithium at a 
homologous temperature of 0.67. (a) Targeted strain rate of 0.05 1/s. (b) Prescribed 
loading rate of 12.5 µN/s, which translates into an indentation strain rate that is 7× the 
rate observed in (a) [3] 

 

The corresponding load-displacement data further support the hardness-depth 

rationalizations described above. Figure 1.3 (a) and (b) show representative load-

displacement curves obtained at the lowest and highest indentation strain rates, 

respectively. As the data show, both strain rates exhibit an abrupt transition from relatively 

smooth, monotonically increasing load-displacement behavior to discernably serrated 

flow. Given the high homologous temperature, it has been proposed that before the 

transition (signaled by the strain burst and subsequent drop in pressure), the dominant flow 

mechanism is stress directed diffusion. After the transition, the flow mechanism reverts to 

dislocation mediated glide. The serrated flow is taken to be characteristic of the stick-slip 

behavior observed when dislocations pile-up against barriers such as other dislocations, 

pinning points, and/or grain boundaries. The stochastic nature of the strain burst itself 

suggests the operation of dislocation multiplication source that requires achieving a 

threshold in stress and sufficient room to physically operate. Collectively, these 

experimental observations provide unique insight into the length scale and strain rate 

(a) (b) 
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dependent competition for stress relief in constrained, small volumes of crystalline metals 

subjected to high homologous temperatures [3, 25, 26]. 

 Direct microstructural evidence of the dislocation density before and after the strain burst 

would provide the most conclusive proof of the proposed rationalizations. The challenges 

associated with creating suitable specimens for the transmission electron microscope 

(TEM) and engineering environmentally controlled systems to enable contamination-free 

transfer between the glovebox and TEM are deemed insurmountable. As an alternative, 

Chs. 2 and 3 of this dissertation present complimentary experimental evidence obtained in 

well-annealed, high-purity indium. As explained in Ch. 2, indium was selected for this 

investigation because of its stability in ambient conditions and its ability to serve as a 

mechanical surrogate for lithium. In Ch. 2, analyses of the residual hardness impressions 

from before the strain burst become the foundation for a new model describing how 

conservation of volume is achieved through pile-up resulting from interface diffusion, 

which is taken to be the mechanism of action controlling stress relief before the strain burst. 

In Ch. 3, constant load and hold creep experiments are used to determine the stress 

exponent for creep both before and after the strain burst. A new model is presented to 

rationalize the measured stress exponent before the strain burst based on interface 

diffusion. After the burst, the measured stress exponent is rationalized in terms dislocation 

mediated glide and climb with consideration of the indentation size effect. Chapter 4 

concludes this dissertation with a summary discussion of the next steps. It identifies critical 

knowledge gaps, presents general hypotheses, and outlines the basic experiments required 

to test the proposed hypotheses. 
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A Appendix 1.A. Reprint Copyright Permission 
 

Figure 1.2 and Figures 1.3 (a) and (b) used in Chapter 1 were originally published 
in "Nanoindentation of high-purity vapor deposited lithium films: A mechanistic 
rationalization of diffusion-mediated flow." Journal of Materials Research 33.10 
(2018): 1347-1360. A copy of the copyright permission is shown below.  
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2 Chapter 2: Length Scale Dependent Stress Relief 
Mechanisms in Indium at High Homologous 
Temperatures 

 

Published in JMR- DOI: 10.1557/s43578-021-00186-6 

 

2.1 Abstract 
 

Nanoindentation and electron microscopy have been used to examine the length-scale 

dependent stress relaxation mechanisms in well-annealed, high purity indium at a 

homologous temperature of 0.69. The experimental methods, analysis and observations 

serve as a stepping stone in identifying the stress relaxation mechanisms enabling the 

formation and growth of metallic dendrites originating at the buried interface between a 

metallic anode and a solid electrolyte separator. Indium’s load-displacement data are found 

to be very similar to that of high-purity lithium. Residual hardness impressions show two 

distinct surface morphologies. Based on these morphologies, the measured hardness and 

the estimated pile-up volume, it is proposed that residual impressions exhibiting significant 

pile-up are the result of deformation dominated by interface diffusion. Alternatively, 

impressions with no significant pile-up are taken to be the result of shear driven dislocation 

glide. An analytical model is presented to rationalize the pile-up profile using interface 

diffusion.  
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2.2 Introduction 

 

The use of nanoindentation to examine mechanical behavior at high homologous 

temperatures offers unique insights into creep processes at small length scales. Small length 

scale creep is particularly important at non-planar interfaces between materials of different 

homologous temperatures, where a discontinuity in the bulk plastic relaxation mechanism 

can result in complex length-scale and strain rate dependent mechanisms controlling the 

relaxation of stress gradients [1]. This has recently been demonstrated for the process of 

lithium metal nanoindentation at room temperature and related to the mechanical stability 

of the interface between a solid-state electrolyte (SSE) and the lithium metal negative 

electrode (anode) in solid-state batteries [1-3]. As previously reported, the self-limiting 

behavior of lithium at small length scales, where the probability of finding mobile 

dislocations or operable dislocation multiplication sources is low, is governed by a unique 

competition for stress relief between stress directed diffusional flow and shear driven 

dislocation glide. Within this poorly understood and minimally documented regime, the 

flow stress (hardness) of lithium is found to be strongly dependent on the strain rate and 

length scale (indentation depth) [2, 3].  

In this paper, we carry out a nanoindentation study of well-annealed, high purity indium as 

a way to verify the previously reported lithium results using a more chemically stable 

surrogate, as indium has a standard electrode potential between -0.34 and -0.49 V versus 

the standard hydrogen electrode (SHE) while lithium has a standard electrode potential of 

-3.04 V versus SHE [4]. Moreover, the chemical stability of indium (relative to lithium) 

enables the utilization of additional imaging techniques outside the controlled atmosphere 

of an inert glove box. Table 2.1 directly compares the relevant physical, mechanical and 

thermal properties of both indium and lithium [5]. While indium is clearly not a relevant 

anode material, the goal of this investigation is to document the experimental methods, 

observations and rationalizations associated with the operation and identification of 

specific stress relaxation mechanisms in a high purity, crystalline metal at a high 

homologous temperature and “small” length scales (indentation depths ≤ ~1 µm). In 
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addition to its chemical stability, we note indium is particularly well suited for this purpose 

because it enables testing at high homologous temperatures without the complications of 

conducting high temperature nanoindentation testing. In this way, the results reported here 

serve as a comparative stepping stone, enabling a more complete and comprehensive 

understanding of small length scale creep, particularly as it relates to candidate anode 

materials, i.e., lithium and sodium, at length scales commensurate with the formation and 

growth of metallic filaments or dendrites.  

 

In comparison to well-annealed elemental metals at low homologous temperatures, the 

load-displacement “pop-in” events observed in indium are entirely unique [6, 7]. The pop-

ins observed here and reported elsewhere do not represent the transition from elastic to 

elastic-plastic deformation, but rather an abrupt transition in the mechanism by which flow 

occurs in well-annealed, high purity indium [6]. Collectively, the data presented here are 

generally consistent with the strain rate and length scale dependent competition for stress 

relief previously reported in high purity lithium. Prior to the pop-in event observed during 

nanoindentation, we submit the primary distinction between indium and lithium is the 

mechanism that controls flow, which we propose is interface rather than volume diffusion, 

respectively [8, 9]. While the results presented here provide unique insight into the stress 

directed diffusional flow of indium, there are still many unanswered questions. Chief 

among them is a meaningful examination of strain rate effects in the limit of stress directed 

diffusional flow, which awaits the evolution of constant strain rate testing capability under 

these unique deformation conditions.  
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Table 2.1. Constants & properties of bulk indium and lithium and the interface diffusion 
model constants for indium. 

 

Constant/Property & Model Constants Indium Lithium 
   

crystal structure BCT BCC 
   

𝜌𝜌 (g/cm3), density  7.30 0.534 
   

𝐸𝐸 (GPa), elastic modulus1 12.7 9.5 
   

𝐺𝐺 (GPa), shear modulus 3.8 4.25 
   

𝜈𝜈 (-), Poisson’s ratio 0.45 0.362 
   

𝜎𝜎𝑦𝑦 (MPa), yield stress 0.93 0.5 
   

𝑇𝑇𝑚𝑚 (ºC), melting temperature 156.6 180.5 
   

𝐷𝐷𝑜𝑜 (m2/s), pre-exponential term 3.2× 10−4 2.3× 10−5 
   

𝑄𝑄𝑑𝑑 (J), activation energy for self-diffusion 78300 55300 
   

𝑇𝑇 (ºC), test temperature 24.4 
   

𝑇𝑇𝐻𝐻 (-), homologous temperature at 24.4 ºC 0.69 0.66 
   

𝐷𝐷 (m2/s), self-diffusion coefficient 5.7× 10−18 4.5× 10−15 
   

𝐷𝐷𝑠𝑠 (m2/s), surface diffusivity  5 × 10−11 NA 
   

𝛿𝛿 (m), surface layer thickness 1 × 10−9 NA 
   

Ω (m3/atom), atomic volume 2.6 × 10−29 NA 
   

𝛾𝛾 (J/m2), surface energy 1 NA 
   

𝑉𝑉 (m/s), triple point velocity 1 × 10−8 NA 
   

𝐻𝐻 (J/m3), hardness 5.4 × 107 NA 
   

𝜔𝜔 (1/m), elastic relaxation length 1.2 × 106 NA 
   

𝑘𝑘𝐵𝐵 (J/(atom∙K)) 1.38 × 10−23 NA 
   

 

1 The elastic modulus of lithium is highly anisotropic  
 
 
 

2.3 Experimental Methods 
 

2.3.1 Preparation of well-annealed, high-purity indium 
 
The nanoindentation test specimen (~20×15×3 mm) was cast from 99.999% pure indium 

shot (Indium Corporation, Clinton, New York). Approximately 15, 3 mm pellets were 

melted in a quartz crucible on a hot plate at ~200 ºC. To eliminate adhesion between the 

cast indium and substrate, the molten indium was poured directly onto a room temperature 
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aluminum block (diameter = 25.4 cm, thickness = 7.6 cm) covered with Kapton tape ~1 

mm thick. Within minutes of casting, the indium specimen was enclosed in an evacuated 

quartz tube and annealed for 6 hours at 110 ºC (a homologous temperature of 0.89). At 

short wavelengths, the annealed, as-cast surface finish enabled reproducible load-

displacement curves at indentation depths as small as 10 nm. Using a thin layer of two-part 

epoxy resin, the annealed, as-cast indium specimen was mounted onto glass slides (2×2 

cm) previously crystal bonded (thermal set wax) to the instrument’s 1.25-inch aluminum 

specimen mounts. 

In the interest of informing future experimentalists, we note that longer wavelength 

undulations in the as-cast surface made it practically impossible to successfully run 

multiple arrays within a single batch of experiments. A potential solution to this problem 

was recently presented by Fincher et al., who utilized lubricated glass slides and a benchtop 

vice to create parallel top and bottom surfaces of a sodium test specimen [10]. Although 

implementing this approach with indium will require extensive annealing, this path is 

particularly attractive in that it potentially provides a means to achieving a large test surface 

that is both smooth and flat. 

 

2.3.2 Nanoindentation 
 

Room temperature nanoindentation experiments were performed using a Berkovich 

diamond indenter tip mounted in the InForce50 nanomechanical actuator (Nanomechanics, 

Inc.-KLA Tencor, Oak Ridge, Tennessee). Twenty-five measurements were targeted in a 

5×5 array with 30 µm spacing in the x and y directions. The maximum load was prescribed 

at 700 𝜇𝜇N and the loading was controlled such that the ratio of 𝑃̇𝑃 𝑃𝑃⁄  was targeted at the 

user defined value of 0.1 s-1. The loading was performed in 3 cycles. The first two unloaded 

partially (50%) from 175 and 350 𝜇𝜇N while the final cycle unloaded completely from 700 

𝜇𝜇N. Given the high homologous temperature and the specimen’s propensity to creep, no 

attempt was made to measure the thermal drift rate or correct the measured displacement 

for thermal drift. To help mitigate the effect of drift, the environment’s thermal stability 

was maximized by utilizing an 8-hour start delay and running the experiments overnight. 
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Furthermore, the selected load-time history allowed each individual test to be executed in 

less than 60 s. 

 

2.3.3 Scanning Electron Microscopy 
 

Images of the residual hardness impressions and etch pits were obtained using a field 

emission high resolution scanning electron microscope, the Hitachi S-4700 FE-SEM 

(Schaumburg, IL, USA). This microscope was also used to perform the energy dispersive 

X-ray spectroscopy and deposit the carbon line scan. With the carbon line oriented parallel 

to the 𝑦𝑦-axis of the SEM stage, the vertical height of the pile-up profile, 𝑧𝑧, was calculated 

as a function of position along the 𝑦𝑦-axis using the relation 𝑧𝑧 = Δ𝑥𝑥 sin𝜃𝜃⁄ , where Δ𝑥𝑥 is the 

directly measured change in position along the 𝑥𝑥-axis and 𝜃𝜃 is the 𝑦𝑦-axis tilt, which was 

45°. For the pile-up dimensions examined here, this technique provides a simple, 

quantitative means of determining the pile-up height without requiring built-in tilt 

corrections from the microscope. 

 

2.3.4 Etch Pit Analysis 
 
Following nanoindentation, the indium specimen was iteratively etched in 3, 4-minute 

intervals using a 10% nitric acid solution. The etch pit density (EPD) was measured from 

an area approximately 0.03 mm2 located directly below the 5×5 array of residual hardness 

impressions. Following each iteration, the EPD was measured using an Olympus BX51M 

(Center Valley, PA, USA) optical microscope and the image analysis software, ImageJ. 

The Hitachi S-4700 FE-SEM was used to examine the morphology and faceting of several 

etch pits. Following iterations 2 and 3, the EPD decreased, as several pits disappeared, 

others combined and several grew. Thus, the most accurate estimate of the EPD, 7.09×104 

cm-2, was determined from the first 4-minute interval. The subsequent decrease in the EPD 

with time is taken to be the result of over etching. As shown in Figure 2.3 (a), it is 

interesting to note that there are no discernable pits in close proximity to the residual 

hardness impressions – neither the ones that experienced a strain burst, nor the ones that 
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did not. One potential explanation is that dislocations created by the strain burst may have 

annealed out. Due to the COVID-19 pandemic, the EPD was not measured until 6 months 

after the indentation experiments were performed. Given the high 𝑇𝑇𝐻𝐻 of 0.69, it is possible 

that over 6 months, the recovery process and a diffusion length of ~9.5 µm may have 

eliminated any dislocations created by the strain burst. Following the previously presented 

argument made by Rester et al., it is also possible that following the transition or pop-in, 

an intrinsic ISE does play a role in that GNDs caused by the indentation geometry have 

coalesced into cell walls or subgrains [11]. Presumably the subgrains would develop 

directly beneath the indenter tip, as the GNDs would be limited to operating within the 

local gradient in strain. In this way, the GNDs would not be visible at the free surface and, 

thus, not discernable by etch pit analysis techniques. 

 
 
 
 

2.4 Experimental Observations and Discussion 
2.4.1 Load-Displacement Curves 
 

Figure 2.1 shows 8 cyclic load-displacement, 𝑃𝑃 − ℎ, curves from a total of 25 

measurements performed at a homologous temperature, 𝑇𝑇𝐻𝐻, of 0.69. Among these 

representative curves, four exhibit a significant strain burst or “pop” and four do not. 

Considering the four curves that do pop, we note the stochastic nature of the event, as two 

curves pop between the first and second load-unload cycle, while the other two pop 

between the second cycle and final unload. Although not explicitly shown in Figure 2.1, 

none of the 25 𝑃𝑃 − ℎ curves exhibit a strain burst before completing the first load-unload 

cycle. Since the first cycle clearly exhibits elastic-plastic deformation (dominated by 

plasticity), we conclude the observed strain bursts are not representative of the onset of 

plastic deformation, but rather an abrupt, albeit stochastic transition in the stress relaxation 

mechanism by which indium accommodates plasticity under the imposed testing 

conditions. As a point of reference, the dashed black line originating at the origin illustrates 

the theoretical elastic 𝑃𝑃 − ℎ curve for a sharp equivalent cone (half-included angle = 
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70.32°) [1, 2]. As per Table 2.1, the theoretical curve assumes 𝐸𝐸 = 12.7 GPa and 𝜈𝜈 = 0.45. 

As the plot shows, the elastic limit clearly indicates the measured 𝑃𝑃 − ℎ curves are 

representative of elastic-plastic deformation. 

For comparative purposes, Figure 2.2 shows the unique similarities between representative 

𝑃𝑃 − ℎ curves for both indium and lithium (both near room temperature and subjected to 

similar strain rates). Specifically, we note the monotonically increasing load followed by 

the abrupt strain burst, serrated flow, extensive creep (see reference [2]) and the nearly 

vertical unload. These similarities suggest that near room temperature, high purity indium 

and lithium accommodate plastic deformation by utilizing similar stress relaxation 

mechanisms.   
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Figure 2.1. Representative cyclic load displacement curves in well- annealed, high purity 
indium at a homologous temperature of 0.69. The black dashed line represents the 
theoretical elastic load-displacement curve for the equivalent cone (centerline-to- face 
angle = 70.32°). 

 

Figure 2.2. Representative load displacement curves in well- annealed, high purity 
indium and a high-purity, vapor deposited 18 𝜇𝜇m thick lithium film. 

 

theoretical 
elastic limit 
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Immediately prior to testing, the ~3 mm thick indium specimen was annealed in an 

evacuated quartz cylinder at a homologous temperature, 𝑇𝑇𝐻𝐻, of 0.89 for 6 hours. Post-test, 

energy dispersive x-ray spectroscopy (EDS) was performed immediately after imaging the 

residual hardness impressions and revealed no significant oxygen or carbon contamination 

on the free surface. Through etch pit analysis, the resulting dislocation density at the 

surface, 𝜌𝜌, was determined to be 7.09×104 cm-2, which corresponds to an average 

dislocation spacing of 𝜌𝜌−0.5 = 37.6 µm. Figure 2.3 (a) shows representative etch pits in 

close proximity to the array of residual hardness impressions. In this well-annealed, low 

dislocation density condition, the 𝑃𝑃 − ℎ curves are nominally expected to display a 

discernable strain burst or “pop-in” indicating the transition from elastic to elastic-plastic 

deformation [12]. Metallic specimens in a similar condition (well-annealed) frequently 

exhibit pop-ins at indentation depths ranging from ~10 to 200 nm [12]. The magnitude of 

the displacement burst often spans a similar range. Figure 2.3 (b), however, shows the 𝑃𝑃 −

ℎ curves are completely smooth and monotonically increasing to the first partial unload, 

giving no discernable evidence of the onset of plastic deformation. While an extremely 

sharp indenter tip could make the transition difficult to detect or perhaps even completely 

obscure it, the tip employed here is neither extremely sharp nor blunt. As shown in Figure 

2.4, the projected area, 𝐴𝐴𝑝𝑝, given by a mathematical description of the indenter tip’s 

physical geometry (the area function) is found to match the 𝐴𝐴𝑝𝑝 of an infinitely sharp 

equivalent cone to within 10% or better only at contact depths ≥ ~200 nm. Given the well-

annealed condition of the test specimen, the sharp but not too sharp indenter tip geometry 

and the high 𝑇𝑇𝐻𝐻, the absence of pop-ins suggests the plastic deformation mechanism prior 

to the observed strain bursts may not be shear driven dislocation glide, but rather a form of 

diffusive flow. 
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Figure 2.3. (a) Two representative etch pits and (b) eight representative load-displacement 
curves in indium, showing no evidence of the transition from elastic to elastic-plastic 
deformation (no pop-ins). 

 

 

(b) 
theoretical 
elastic limit 

(a) 
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Figure 2.4. Direct comparison of the projected contact area between the Berkovich indenter 
tip’s area function and an infinitely sharp equivalent cone. 

 

Details regarding the significant amount of additional load required to pull the indenter tip 

off the surface of the test specimen are not well understood. Among the potential 

experimental artifacts that could systematically contribute to the apparent adhesion 

between the indium surface and the diamond indenter tip, several can justifiably be 

eliminated: (1) Uncertainty in the surface detection is minimal, as the zero point is accurate 

to within 5 nm or better; (2) Thermal drift is unlikely to be a significant source of error in 

the measured displacement because each individual experiment was performed in less than 

60 seconds and the peak displacements are relatively large (≥ 550 nm); (3) Uncertainty in 

the frame stiffness is also an unlikely source of significant error in the measured 

displacement because the relatively large flat-backed test specimen is rigidly mounted to a 

glass slide with a thin layer of epoxy and the estimated elastic contact stiffness at the peak 

displacement of 1200 nm is ~65 kN/m (assuming 𝐸𝐸 = 12.7 GPa, the contact depth, ℎ𝑐𝑐 = 
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1200 nm, Poisson’s ratio of indium, 𝜈𝜈 = 0.45 & the projected contact area, 𝐴𝐴𝑝𝑝 = 13 µm2), 

which is only 6.1% of the measured frame stiffness (1.06×106 N/m). 

2.4.2 Residual Hardness Impressions 
 

Images from a scanning electron microscope (SEM) in Figure 2.5 show (a) the 5×5 array 

of residual hardness impressions in well-annealed, high purity indium, (b) a representative 

residual hardness impression from one of the six measurements exhibiting a strain burst 

(45° y-axis tilt), (c) a representative impression from one of the 19 measurements that do 

not exhibit a strain burst (45° y-axis tilt), and (d) a representative impression used to 

measure the projected contact area from a 𝑃𝑃 − ℎ curve that did not exhibit a strain burst. 

The accuracy of the microscope’s scale marker was experimentally verified using a single 

diffraction grating with 3 µm spacing as well as the 30 µm x-y spacing between the residual 

hardness impressions shown in Fig. 5 (a), which were placed by the instrument’s piezo 

stages. In both cases, the measured distances were found to match the known values to 

within 3% or better.  

Despite being subjected to the same maximum load and exhibiting indistinguishable 𝑃𝑃 − ℎ 

curves prior to the strain burst, the SEM images and the corresponding 𝑃𝑃 − ℎ data show 

the pop and no pop curves correlate to significantly different contact dimensions and 

strikingly different surface morphologies. As shown in Figure 2.5 (b), the 𝑃𝑃 − ℎ curves 

exhibiting the pop create a larger contact and a surface morphology characterized by little 

to no discernable pile-up, straight, well-defined contact edges and distinct hemispherical 

slip traces in the free surface that appear as concentric rings radiating outward from 2 of 

the 3 faces of the residual hardness impression (plastic anisotropy). In contrast, Figure 2.5 

(c) shows the no pop 𝑃𝑃 − ℎ curves create a significantly smaller contact and result in a 

surface morphology characterized by significant pile-up, curved contact edges and no 

discernable slip traces in the free surface. This direct comparison between the pop and no 

pop residual hardness impressions and the corresponding 𝑃𝑃 − ℎ curves clearly indicates a 

significant change in the stress relaxation mechanism operating before and after the strain 

burst. Furthermore, the characteristic features of the surface morphologies suggest the 
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volume of material displaced by the indenter tip during the no pop experiments may be 

uniquely conserved by the observed pile-up rather than the hinterland. In the analysis that 

follows, a new model is presented that rationalizes the observed pile-up based on interface 

diffusional flow. 

 

Figure 2.5. (a) The 5x5 array of residual hardness impressions. (b) and (c) show 
representative impressions from indents that do and do not, respectively, exhibit a strain 
burst. The y-axis of the microscope stage is rotated by 45°. (d) A representative illustration 
of the projected contact area. The dashed and solid red boundaries ignore pile-up and 
indicate the projected area based on the measured indentation depth and the residual 
impression, respectively. The solid green boundary shows the additional contact 
dimensions due to pile-up. 

 

In addition to the EDS analysis, we further note that images of the residual hardness 

impressions in Figure 2.5 show no discernable evidence of cracking or spalling of an oxide 

(b) 
(a) 

(c) (d) 
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layer. After annealing for 6 hours at 𝑇𝑇𝐻𝐻 = 0.89, the diffusion length was approximately 12 

µm (𝐷𝐷 is given in Table I). Although the average grain size was not formally measured, 

many of the grains were within the range of 2 to 3 mm in diameter. As such, the entire 5×5 

array of indents was performed near the center of a single grain, albeit with an unknown 

orientation. Assuming the important stress field beneath the indenter tip is constrained 

within a hemispherical radius that is 10 times the depth, then even at the maximum 

transition depth of 550 nm (10*0.55 µm = 5.5 µm), it is unlikely that prior to the indentation 

test, in its well-annealed condition, that the volume of indium to be sampled by the indenter 

encompassed a significant gradient in the dislocation density or residual stresses. 

Furthermore, if a uniform dislocation gradient did exist in the well-annealed condition, 

then presumably the 𝑃𝑃 − ℎ data from indents within the same grain would generate a more 

repeatable pop-in depth from one test site to the next, not the stochastic response observed 

in Figure 2.1.  

 

2.4.3 Hardness (the mean pressure the surface is capable of 
supporting) 

 

Figure 2.6 (a) shows the measured hardness, 𝐻𝐻, (𝐻𝐻 = 𝑃𝑃 𝐴𝐴𝑝𝑝⁄ ) of well-annealed, high purity 

indium at a 𝑇𝑇𝐻𝐻 of 0.69. In rationalizing this result, we consider the effect of pile-up, the 

depth dependence and the magnitude of the measured versus the nominally expected 𝐻𝐻. 

Capitalizing on indium’s extremely high ratio of elastic modulus to yield strength, ~13,700 

(Table I), the 𝐻𝐻 data shown in Figure 2.6 (a) were calculated by intentionally ignoring the 

elastic deflection of the free surface and assuming that the contact depth, ℎ𝑐𝑐, is accurately 

approximated by the indentation depth, ℎ [2]. In other words, the 𝐻𝐻 was calculated by 

assuming ℎ𝑐𝑐 is in the original plane of the surface. Based on the images of the residual 

hardness impressions, this simplifying assumption is clearly only valid at the maximum 

load, 𝑃𝑃𝑚𝑚𝑚𝑚𝑚𝑚, for the measurements that exhibit a strain burst, as they do not show any 

discernable evidence of pile-up or sink-in. For the measurements that do not exhibit a strain 

burst, an accurate estimate of 𝐻𝐻 at 𝑃𝑃𝑚𝑚𝑚𝑚𝑚𝑚 can only be obtained by accounting for the pile-
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up through a direct a measurement of 𝐴𝐴𝑝𝑝 from the unloaded residual hardness impression. 

Figure 2.5 (d) shows concentric outlines of three projected areas used in analyzing the 𝑃𝑃 −

ℎ curves that do not exhibit a strain burst. The outer most outline in green represents the 

𝐴𝐴𝑝𝑝 adjusted for pile-up. Once the pile-up is considered, the 𝐴𝐴𝑝𝑝 at the indentation depth of 

550 nm increases from 7.1 to 13.0 µm2. Correspondingly, the peak 𝐻𝐻 decreases by 48%, 

from ~103 to ~54 MPa. At the maximum depth of 1150 nm, the SEM image of the residual 

hardness impression, Figure 2.5 (b), shows no discernable evidence of pile-up or sink-in 

(the pile-up is presumably consumed by the strain burst). As expected, the 𝐴𝐴𝑝𝑝 measured 

from the SEM image and the 𝐴𝐴𝑝𝑝 determined by assuming ℎ𝑐𝑐 = ℎ are found to match within 

10%. The reported 𝐻𝐻 of ~24 MPa is, therefore, taken to be a reasonable estimate of the 𝐻𝐻 

or the mean pressure the surface is capable of supporting at ℎ = 1150 nm. 

At indentation depths large enough to avoid the well-documented indentation size effect, 

ISE, (ℎ ≥ ~1 to 3 µm) the nominally expected 𝐻𝐻 of a bulk, polycrystalline metal is ~3 

times the metal’s flow stress, 𝜎𝜎𝑓𝑓, at the characteristic strain imposed by the indenter tip 

geometry (nominally 8% for the Berkovich) [12]. Given the high 𝑇𝑇𝐻𝐻 of 0.69, the effect of 

work hardening is taken to be minimal and, thus, we assume 𝜎𝜎𝑓𝑓 = 𝜎𝜎𝑦𝑦. As such, the 

nominally expected bulk 𝐻𝐻 = 3𝜎𝜎𝑦𝑦 = 3(0.93 MPa) = 2.8 MPa. In comparison, the pile-up 

corrected peak 𝐻𝐻 of ~54 MPa is nearly 20 times larger. Assuming the theoretical shear 

strength of indium lies within the range of 𝐺𝐺 (2𝜋𝜋)⁄  to 𝐺𝐺 30⁄ , where 𝐺𝐺 is the shear modulus 

of indium (𝐺𝐺 = 3.8 GPa), we note 54 MPa is at most 43% of indium’s theoretical shear 

strength.  

 

While the peak 𝐻𝐻 of ~54 MPa occurs at a depth (ℎ = ~550 nm) well within the expected 

intrinsic ISE window, we reject the ISE as a potential explanation for the difference 

between the measured and expected 𝐻𝐻. As previously noted, the high 𝑇𝑇𝐻𝐻, the low 

dislocation density, the lack of pop-ins in the 𝑃𝑃 − ℎ curves, and the apparent frustration of 

dislocation mediated flow collectively suggest a dominant flow mechanism other than 

dislocation glide, which is a fundamental tenet of the ISE [12]. Nevertheless, neglecting 

these observations and assuming the deformation prior to the strain burst is mediated by 
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dislocation glide, then an intrinsic ISE would require a breakdown in geometric self-

similarity of the contact such that the observed depth dependence prior to the strain burst 

is completely reversed. While not impossible, this scenario seems highly improbable. 
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Figure 2.6. (a) The measured hardness as a function of depth. Direct comparison of the 
projected contact area between the Berkovich indenter tip’s area function and an infinitely 
sharp equivalent cone. 

(a) 

(b) 
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An alternative explanation for the observed discrepancy between the measured and 

expected 𝐻𝐻 is that plastic deformation prior to the observed strain burst is mediated by a 

less efficient flow mechanism such as stress directed diffusion rather than dislocation glide. 

In this context, the comparison between the measured 𝐻𝐻 and 3𝜎𝜎𝑦𝑦 is invalid. While models 

capable of predicting the measured 𝐻𝐻 in terms of diffusional flow do exist, they are 

currently limited to volume diffusion [1-3]. As will be examined in a subsequent section, 

here we propose the dominant plastic deformation mechanism is interface rather than 

volume diffusion (both have a stress exponent, 𝑛𝑛, of 1) [2, 7, 8]. In the absence of a model 

that incorporates this mechanism and enables quantitative comparisons, here we 

qualitatively note that in comparison to dislocation glide, diffusive flow naturally depends 

on the diffusion length and, therefore, becomes an increasingly less efficient stress 

relaxation mechanism as the diffusion length increases with indentation depth [2, 6, 7]. We 

also note that within the limit of diffusional flow, it is possible that geometric self-similarity 

of the contact is not lost. Although clearly speculative, this outcome would potentially 

provide a simple means of accounting for pile-up and correcting the nominally measured 

𝐻𝐻 as a continuous function of depth. In this way, the measured 𝐻𝐻 at ℎ ≤ 550 nm would be 

uniformly decreased by 48%, noting, however, that potential strain rate effects have not 

been considered. While elucidating rate effects is clearly a necessary and critical step 

forward, it is important to understand that conventional constant strain rate nanoindentation 

loading algorithms, such as the 𝑃̇𝑃 𝑃𝑃⁄  technique used here, by definition, cannot generate a 

constant strain rate at any length scale wherein the hardness is depth dependent. To that 

end, unambiguous examination of the competing effects of length scale and strain rate  

await the development of novel testing methods that are capable of controlling and 

maintaining a constant indentation strain rate under the unique stress directed diffusional 

flow conditions observed here.  

As previously reported, the 𝐻𝐻 of ~24 MPa at the maximum depth of 1150 nm is taken to 

be an accurate estimate of the mean pressure the surface is capable of supporting. Although 

the deformation at this depth is presumably dominated by dislocation glide, we note the 

measured 𝐻𝐻 is still 8.6 times larger than the nominally expected 3𝜎𝜎𝑦𝑦 = 2.8 MPa (a 

constraint factor of nearly 26 rather than the expected value of 3). Among the factors 
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potentially contributing to this discrepancy are an intrinsic ISE and strain rate sensitivity. 

Following an idea first proposed by Rester et al., it is also possible that following the 

transition or pop-in, dynamic recrystallization enables geometrically necessary 

dislocations (brought about by the gradient in strain directly beneath the indenter tip) to 

coalesce into cell walls or subgrains, thus providing an additional strengthening mechanism 

[11]. Although the 𝑇𝑇𝐻𝐻 of 0.69 is well within the hot working regime, it is also plausible that 

our assumption of negligible work hardening immediately following the burst is inaccurate. 

Indium’s self-diffusion coefficient is quite small and, therefore, it is not clear how efficient 

or inefficient the recovery process is over the time scale from the strain burst to the 

maximum load (≤ 20 s). The potential effect of strain rate is difficult to quantify, as 

indium’s strain rate sensitivity at these length scales and under diffusional flow is entirely 

unknown [13, 14]. For the sake of posterity, Figure 2.6 (b) shows the depth dependent 

indentation strain rate, defined as the time rate of change of the displacement divided by 

the displacement, ℎ̇ ℎ⁄ . Over the indentation depths examined here, Figure 2.6 (b) shows 

the strain rate spans nearly two orders of magnitude, from ~1 to 0.02 s−1. We note the peak 

strain rate following the burst is an underestimation, as the calculated velocity utilizes an 

effective time constant of ~0.2 s. 

Due to the small number of measurements (25 test sites), rigorous analysis of the stochastic 

nature of the strain burst is beyond the scope of this investigation. However, based on the 

striking similarities between the 𝑃𝑃 − ℎ behavior of indium and lithium shown in Figure 

2.1(b), here we adopt the same rationalization of the strain burst. Specifically, the strain 

burst is taken to represent an abrupt transition from diffusion to dislocation mediated flow. 

Given the stochastic nature of the transition and the low dislocation density, we speculate 

that the sudden event is triggered by the combination of a critical threshold in stress and a 

sufficient length scale, as the dislocation mechanism clearly appears to require not only the 

necessary driving force, but sufficient room to physically operate [2].  
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2.4.4 Volume Versus Interface Diffusion 
Enabled by a high 𝑇𝑇𝐻𝐻 and a low dislocation density, we submit that diffusive flow is the 

most efficient stress relaxation mechanism at length scales that are small in relation to the 

spacing between mobile dislocations and/or operable dislocation multiplication sources. 

As presented in Table 2.1, indium’s self-diffusion coefficient, 𝐷𝐷, at the test temperature of 

24.4 °C is 5.7 × 10-18 m2/s. This coefficient is quite small and suggests that volume 

diffusion to the free surface may not be an efficient transport mechanism, particularly as 

the diffusion length increases with indentation depth. Interface diffusion, on the other hand, 

requires approximately 1/2 to 2/3 the activation energy of volume diffusion. Assuming 

𝑄𝑄𝑑𝑑 𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖 = 𝑄𝑄𝑑𝑑 𝑣𝑣𝑣𝑣𝑣𝑣𝑣𝑣𝑣𝑣𝑣𝑣 2⁄ , then the corresponding interface diffusion coefficient is 4.29 

× 10-11 m2/s. Here we assume the interface diffusion layer is 0.5 nm thick and that the 

relevant interface volume is the product of the thickness and the interface surface area 

under pressure. At an indentation depth of 550 nm, previous analysis indicates the interface 

volume fraction is 6.62 × 10-5 [2]. The effective diffusion coefficient given by Tilley is 

 
𝐷𝐷𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒 = (1 − 𝑓𝑓)𝐷𝐷𝑣𝑣𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜 + 𝑓𝑓𝐷𝐷𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖                                                   (2.1) 

 

and, thus, 𝐷𝐷𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒 = 2.8 × 10-15 m2/s, which is three orders of magnitude larger than 

volume diffusion alone [15]. Alternatively, if the ratio is only 2/3, 𝐷𝐷𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒 is still more 

than an order of magnitude larger. This simple analysis indicates the diffusive flow 

mechanism for indium at 24.4 °C is dominated by interface rather than volume diffusion. 

For the sake of comparison, we note the opposite is true of lithium at a similar temperature. 

Even at a substantially smaller depth, 150 nm, the interface term is found to contribute only 

4% to the effective diffusion coefficient. As indicated in Table I, the apparent explanation 

for this difference is lithium’s self-diffusion coefficient, which is nearly three orders of 

magnitude larger than that of indium.  
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2.4.5 Quantifying the Observed Pile-Up 
 

To create a two-dimensional profile of the pile-up, a line scan performed in the SEM was 

used to deposit a thin line of carbon through a residual hardness impression. By aligning 

the carbon line with the y-axis of the SEM stages and then tilting the y-axis by 45°, direct 

measurements of the 𝑥𝑥 − 𝑦𝑦 coordinates of the carbon line were used to estimate the pile-

up profile. While a properly calibrated atomic force microscope could presumably simplify 

this task, one was not readily available. Figure 2.7 shows the line scan oriented along the 

y-axis and tilted by 45°. The measured pileup profile is shown in Figure 2.7 (b). 

Based on the recorded 𝑃𝑃 − ℎ data and measurements from the SEM images of the in-plane 

dimensions of the residual hardness impressions and the pile-up profile, Figure 2.8 (a) 

shows a two-dimensional rendering of the contact geometry relative to the original plane 

of the surface. To capture key features of the geometry, the image presents an overlay that 

combines elements from three different cross-sections through (1) the center of an indent, 

(2) along an edge (corner-to-corner) and (3) along the ridge of the pile-up (corner-to-

corner). The color coding corresponds to the residual hardness impression shown in Figure 

2.5 (d). In an attempt to compensate for the off-center line scan, the peak pile-up height at 

the center of the face was estimated by fitting a parabola to the three points indicated along 

the ridge of the pile-up. As measured in the SEM, the average side length (corner-to-corner) 

and the position of the carbon line from the furthest corner were found to be 4.6 µm ± 

4.9% and 3.45 µm, respectively. As per the parabolic fit, the peak pile-up height at the 

center of the face is estimated to be 229.0 nm, which is ~22.5% larger than the profile 

height measured from the line scan. Among the interesting observations, we note the 𝐴𝐴𝑝𝑝 

calculated by the indenter tip’s area function at ℎ = 550 nm underestimates the measured 

𝐴𝐴𝑝𝑝 (assuming no pile-up) by 21%. Based on the elevated corners (relative to the original 

plane of the surface) of the residual impressions shown in Figures 2.5 (c) and 2.7 (a), we 

propose this outcome is due to the flow of indium along the faces and below the corners of 

the indenter tip. In this way, the complete triangular residual hardness impression can 

physically climb above the original plane of the surface as depicted in Figure 2.8 (a). In 
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other words, we submit the pile-up is not limited to occurring only along the faces of the 

indenter tip, as one might intuitively expect. 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 2.7. (a) The deposited carbon (line scan) through a residual hardness impression. 
The y-axis of the microscope stage is aligned parallel with the carbon line and tilted by 
45°. (b) The measured pile-up profile as determined by measuring the x-y coordinates of 
the carbon line.  

 

 

(a) 

(b) 
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Figure 2.8. (a) A two-dimensional rendering of the contact geometry based on an overlay 
of three cross-sections through (1) the center of an indent, (2) along an edge (corner-to-
corner), and (3) along the peak of the pile-up (corner-to-corner). (b) Rationalization of the 
pile-up profile using Eq. (2.5), which is based on interface diffusion. 
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2.4.6 A Simple Look at Conservation of Volume 
 

If the proposed stress relaxation mechanism is interface diffusion, then the volume of 

indium displaced by the indenter tip must be locally conserved by the pile-up. Limited by 

a single profile of the pile-up, our analysis is constrained to a rudimentary examination of 

the pile-up volume. As indicated by Figure 2.8 (a), the volume of indium displaced by the 

indenter tip relative to the original plane of the surface is 1.3 µm3. As described above, 

here we assume the ridge of the pile-up is reasonably approximated by the parabola 𝑦𝑦 =

0.061 + 0.14609𝑥𝑥 − 0.031758𝑥𝑥2, where 𝑦𝑦 and 𝑥𝑥 are in units of µm and physically 

represent the height of the pile-up relative to the original plane of the surface and the 

horizontal position along the face, respectively. At the position of the line scan (𝑥𝑥 = 3.45 

µm as measured in the SEM), the radius of a circle whose area is equivalent to the area 

under the profile is found to be 0.196 µm. Thus, the ratio of the pile-up height to equivalent 

radius is 0.955. Assuming that ratio is constant over the side length of the residual hardness 

impression, then the volume of the pile-up along all three faces is given by the definite 

integral, 

𝑉𝑉𝑝𝑝𝑝𝑝𝑝𝑝𝑝𝑝−𝑢𝑢𝑢𝑢 = 3𝜋𝜋� (0.063893 + 0.15302𝑥𝑥 − 0.033264𝑥𝑥2)2 𝑑𝑑𝑑𝑑
4.6

0
                              (2.2) 

 
where the limits correspond to the average corner-to-corner side length and the integrand 

gives the equivalent radius as a function of position (𝑥𝑥) along each face. In this way, the 

estimated volume of the pile-up is found to be 1.54 µm 3, which compares reasonably well 

with the displaced volume of 1.3 µm 3 (the relative error is 18.5%). This analysis 

demonstrates the distinct possibility that the displaced volume is uniquely conserved by 

the pile-up.  
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2.4.6.1 Rationalizing the Pile-Up via Interface Diffusion 
 

Interface diffusion along the faces of the indenter tip will be driven by gradients in the 

chemical potential at the free surface of the indium and at the interface between the indenter 

and the indium. For diffusion at the free surface, it is considered that the chemical potential, 

𝜇𝜇 (J kg⁄ ), is a function of both the surface strain energy, 𝜎𝜎2 2𝐸𝐸⁄ , and the surface curvature, 

𝜅𝜅 (1 m⁄ ), where 𝜎𝜎 is the stress at the free surface (normal components are null) and 𝐸𝐸 is 

the elastic modulus [16]. This may be written as 

 

𝜇𝜇 = 𝜇𝜇𝑜𝑜 +
𝜎𝜎2Ω
2𝐸𝐸

− Ω𝛾𝛾𝛾𝛾                                                                     (2.3) 

 

where Ω (m3 atom⁄ ) is the atomic volume and 𝛾𝛾 (J m2⁄ ) is the surface energy.  

 

Here we use a quasi-steady state solution to describe the surface profile motivated by 

Mullins, where the surface profile depends on a constant (or slowly changing) triple point 

velocity, 𝑉𝑉 [17]. The original treatment by Mullins described a quasi-steady state profile 

for a moving grain boundary-surface triple junction, which is modified here to apply to the 

triple junction of the indenter-indium interface, indium surface and vapor phase with 

inclusion of the elastic strain energy term. From this approach, the surface profile, 𝑦𝑦(𝑥𝑥), is 

obtained from the solution of the differential equation 

 

0 =
𝐷𝐷𝑠𝑠𝛿𝛿Ω
𝑘𝑘𝐵𝐵𝑇𝑇

�
𝐻𝐻2

𝐸𝐸
𝜔𝜔2 exp(−𝜔𝜔𝜔𝜔) − 𝛾𝛾

𝑑𝑑4𝑦𝑦
𝑑𝑑𝑑𝑑4

� + 𝑉𝑉
𝑑𝑑𝑑𝑑
𝑑𝑑𝑑𝑑

                                             (2.4) 

 

where 𝑥𝑥 is the horizontal surface position in a moving coordinate system of velocity, 𝑉𝑉, 

which is the triple point velocity with the indenter/indium triple point at the origin, 𝐷𝐷𝑠𝑠 

(m2/s) is the surface diffusivity, 𝛿𝛿 is the surface layer thickness, 𝐻𝐻 is the hardness, 𝑇𝑇 is the 
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temperature, 𝑘𝑘𝐵𝐵 is the Boltzmann constant, and 1/𝜔𝜔 is a relaxation length for the elastic 

stress. A general solution to Eq. (2.4) is of the form 

𝑦𝑦 = 𝐶𝐶 exp(−𝜔𝜔𝜔𝜔) + 𝐴𝐴 exp �−
𝜆𝜆𝜆𝜆
2
� cos�

√3
2
𝜆𝜆𝜆𝜆� + 𝐵𝐵 exp �−

𝜆𝜆𝜆𝜆
2
� sin�

√3
2
𝜆𝜆𝜆𝜆� (2.5) 

 

The substitution of Eq. (2.5) into Eq. (2.4) defines the coefficients 𝐶𝐶 and 𝜆𝜆 in terms of 

physical parameters. Grouping the parameters into 𝑎𝑎 and 𝑏𝑏 gives 

 

𝑎𝑎 (−) =
𝐻𝐻2𝜔𝜔2

𝐸𝐸
𝐷𝐷𝑠𝑠𝛿𝛿Ω
𝑘𝑘𝐵𝐵𝑇𝑇𝑇𝑇

                                                                       (2.6) 

 

𝑏𝑏 (m3) =
𝛾𝛾𝐷𝐷𝑠𝑠𝛿𝛿Ω
𝑘𝑘𝐵𝐵𝑇𝑇𝑇𝑇

                                                                          (2.7) 

 
The parameters of 𝐶𝐶 and 𝜆𝜆 can be then determined as 

 

𝐶𝐶 (m) =
𝑎𝑎

𝑏𝑏𝜔𝜔4 + 𝜔𝜔
                                                                         (2.8) 

 

𝜆𝜆 (m−1) = � 
1
𝑏𝑏

 �
1
3

                                                                         (2.9) 
 

 

where 𝜔𝜔 is the inverse of the indentation depth (based on the Saint-Venant principle). 

Using the carbon line profile presented in Figure 2.7 (b), Eq. (2.5) can be fit to the indium 

pile-up profile as shown in Figure 2.8 (b). Admittedly, there are a large number of fitting 

parameters available to produce the close fit shown in Figure 2.8 (b), but as discussed 

above, Eqs. (2.6)-(2.9) provide a physical basis for three (𝜔𝜔, 𝐶𝐶 and 𝜆𝜆) of the five fitting 

parameters. A comparison of the fitting parameter values against the estimated values is 

shown in Tables 2.1 and 2.2, where the parameters are found to be within an order of 

magnitude with respect to the physical estimates.  
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Table 2.2. Comparison of the physical estimates and fitting parameters.  
 

Parameter Physical 
Estimate Fitting Parameter 

   

𝑎𝑎 (-) 0.01 NA 
   

𝑏𝑏 (m3) 3.17 × 10−20 NA 
   

𝐶𝐶 (m) 8.27 × 10−9 6.0 × 10−8 
   

𝜆𝜆 (1/m) 3.16 × 106 4.7 × 106 
   

𝜔𝜔 (1/m) 1.2 × 106 1.2 × 106 
   

A (m) NA 1.2 × 10−7 
   

B (m) NA 1.5 × 10−7 
 
 

In future studies, the proposed rationalization provides a unique opportunity to examine 

geometric self-similarity as well as the functional relationship between the measured 

properties, the contact dimensions and the mechanism(s) of plastic deformation. Of 

particular interest are the effects of temperature, strain rate and indenter tip geometry. 

Collectively, the rationalization proposed here and the existing 𝑃𝑃 − ℎ relationships based 

on volume diffusion provide an extensive framework capable of providing new insight into 

small length scale creep mechanisms and the conditions that inhibit and/or promote the 

formation and growth of metallic filaments or dendrites originating at the interface between 

a metallic anode and a solid electrolyte separator. 

2.5 Summary and Conclusions 
 

Nanoindentation in well-annealed, high purity indium was performed under the following 

conditions: Berkovich indenter tip, cyclic loading that was terminated at 175, 350 and 700 

𝜇𝜇N, load control such that the loading rate divided by the load was targeted at 0.1 s-1, 

measured indentation strain rates varying from 0.02 to 1 s-1, and a homologous temperature 

of 0.69 (24.4 ºC).  

 

(1) The load–displacement curves and corresponding residual hardness impressions show 

the plastic deformation mechanism varies significantly with indentation depth and test 
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site. Among 25 indents, 19 (76%) reach the peak load of 700 𝜇𝜇N with no discontinuity 

in the measured load-displacement curve. The corresponding residual hardness 

impressions are characterized by bowed contact edges, significant pile-up and no 

discernable slip traces around the periphery of the contact. Despite being terminated at 

the same maximum load, the remaining 6 indents (24%) experience a stochastic strain 

burst and form a residual hardness impression that is approximately twice as deep, 

characterized by well defined, straight contact edges, no discernable pile-up and slip 

traces in the free surface around 2 of the 3 indenter faces. Based on these observations 

and the estimated dislocation spacing of 37.6 mm, we submit the strain burst represents 

an abrupt transition from interface diffusion to dislocation mediated flow. Given the 

stochastic nature of the transition and the low dislocation density, we speculate that the 

sudden event is triggered by the combination of a critical threshold in stress and a 

sufficient length scale, as the dislocation mechanism clearly appears to require not only 

the necessary driving force, but sufficient room to physically operate.   

 

(2) At the peak load of 700 𝜇𝜇N, 19 of 25 targeted test sites (76%) did not experience a 

strain burst, terminated at a depth of ~550 nm and yielded a measured hardness (pile-

up corrected) of ~54 MPa. The remaining 6 test sites (24%) did experience a strain 

burst, terminated at a depth of ~1150 nm and yielded a measured hardness of ~24 MPa 

(no pile-up or sink-in correction was deemed necessary). Based on the substantially 

higher hardness and extensive pile-up indicative of the test sites that do not experience 

a strain burst, we propose the dominant stress relaxation mechanism prior to the strain 

burst is interface diffusion rather than dislocation mediated glide. Interface rather than 

volume diffusion is favored because the effective interface diffusion coefficient is 1 to 

3 orders of magnitude larger than volume diffusion alone. Although the analysis is 

rudimentary, the estimated pile-up volume is found to be within 18.5% of the volume 

of indium displaced by the indenter tip. This suggests the plastically deformed volume 

of material may be uniquely conserved by the pile-up.  

 
(3) The measured pile-up profile is rationalized using a new analytical model based on 

interface diffusion. The model is derived from Mullins’ analysis of a moving grain 
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boundary. Among the model’s 5 fitting parameters, 3 are defined in terms of material 

or experimental parameters. This model, in conjunction with previously derived 

volume diffusion load-displacement relationships, expands the analytical framework to 

examine small length scale creep mechanisms. This capability will serve to develop 

new insight into the stress relaxation mechanisms operating at the interface between a 

metallic anode and a solid electrolyte separator.  
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3 Chapter 3: On the correlation Between the Stress 
Exponent for Creep Determined by Nanoindentation 
and the Mechanism of Action Enabling Stress Relief 
in Indium 

 

To be submitted for publication. 

3.1 Abstract 
 

Instrumented indentation performed at room temperature with a Berkovich and 10 µm 

radius sphere has been used to measure the stress exponent for creep before and after the 

strain burst observed in well-annealed, high-purity indium. Before the strain burst, the 

measured values are successfully rationalized using a new model based on stress directed 

diffusional flow along the interface between the indenter tip and test specimen. After the 

strain burst, the measured stress exponents are found to be representative of dislocation 

glide and climb assisted glide. These results are compared and contrasted to the previous 

experimental investigations and modeling efforts of Feng et al., Lucas et al., and Li et al. 

Collectively, the experimental observations and rationalization presented here provide 

significant new insight into the mechanisms of action that control the competition for stress 

relief in small, constrained volumes of crystalline metals subjected to high homologous 

temperatures. 

 

3.2 Introduction 
 

By measuring the stress exponent for creep, 𝑛𝑛, using nanoindentation, the aim of this work 

is to elucidate the effect(s) of length scale on the stress relief mechanism(s) operating 

within small, constrained volumes of crystalline metals subjected to a high homologous 

temperature. In particular, our goal is to identify the dominant stress relief mechanism(s) 

operating before and after the well documented strain burst observed in high-purity, well-
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annealed indium (see Figures 3.1 (b) and (d)) [1, 2]. In doing so, the intent is to provide 

new insight into the stress relief mechanisms that control the length-scale dependent 

competition for stress relief previously documented in high purity indium and lithium [2-

4]. It is hoped that this knowledge will further support the development of next generation 

solid-state battery (SSB) materials capable of providing nominally stress-free, planar 

plating and stripping of a Li anode.  

Over the past 5 years, significant advancements have been made in understanding the 

formation and growth of Li filaments or dendrites originating at the buried interface 

between a pure metallic Li anode and a solid electrolyte separator (SSE) [5]. Key among 

these advancements is a better understanding of the critical role mechanics plays in 

maintaining a stable and coherent interface during cycling of a cell. Through extensive 

examinations of Li’s mechanical behavior at battery relevant length scales (dimensions 

commensurate with morphological defects at the interface), it has been proposed that 

inhomogeneous Li+ transfer kinetics can lead to localized gradients in the lattice parameter 

of Li that, in turn, form stress concentrations potentially capable of causing the SSE to 

catastrophically fail by fracture [5, 6]. The foundation of this hypothesis is based on the 

argument that within these locally stressed volumes of metallic Li there exists a unique 

competition for stress relief that depends on the availability of microstructural defects 

within the stressed volume. Based on the self-limiting behavior of bulk metallic Li at or 

above room temperature (a homologous temperature, 𝑇𝑇𝐻𝐻, of ~0.69), the maximum 

sustainable pressure is nominally expected to be ~1 MPa or less. Recent studies have 

shown, however, that small volumes of pure metallic Li are capable of supporting more 

than 200 MPa [3, 4, 7]. This two-hundred-fold variation in stress is thought to be a direct 

reflection of the availability of microstructural defects needed to activate stress relief 

mechanism(s) within the stressed volume, e.g., shear driven glide or creep accommodated 

by intragranular dislocation mechanisms and/or stress-directed diffusion. The upshot is that 

these mechanical instabilities (stress concentrations) degrade device performance and 

potentially lead to catastrophic device failure by fracture of the SSE. In order to maximize 

device performance and safety, next-generation SSB materials will ideally be engineered 

to provide nominally stress-free, planar plating and stripping of a Li anode. To that end, 
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the goal of this work is to further elucidate the mechanism(s) of action that control the 

competition for stress relief in small, constrained volumes of crystalline metals subjected 

to high homologous temperatures.  

 

 

 

 

 

 

 

 

 

 

 

 



59 

 

 Figure 3.1. Representative load-time and load-displacement curves in high-purity, well-
annealed indium. The data in (a) and (b) were acquired using a Berkovich indenter tip. The 
data in (c) and (d) were acquired using a 10 µm radius ‘spherical’ indenter tip. Sphere is in 
single quotes because at creep depths before the strain burst, the indenter tip geometry is 
not accurately described as a sphere, but rather a cone with half-included angle of 
approximately 84°. 
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3.3 Materials and Methods 
 

High-purity, well-annealed indium is the focus of this investigation because at room 

temperature it exhibits a distinctive length scale dependent competition for stress relief that 

is very similar to that observed in high-purity lithium [2]. By contrast, the free surface of 

indium is stable in air and, therefore, unlike lithium, indium does not require testing in the 

controlled atmosphere of a glove box. A more complete description of the relevant 

similarities and properties of indium and lithium is available in reference 2. Following the 

same sample preparation procedures previously documented (casting and vacuum 

annealing at 110° C for 6 hours), the dislocation density of the indium test specimen is 

expected to be on the order of 104 or 105 cm-2, which corresponds to a dislocation spacing 

in the range of ~100 to 30 µm, respectively. The average grain size was not directly 

measured, but the grains were clearly visible and ranged in size from ~2 to 3 mm in 

diameter.  

 

3.3.1 Nanoindentation 
 

Constant load and hold (CLH) creep experiments were performed in high-purity indium at 

room temperature using the iNano and the InForce50 nanomechanical actuator 

(Nanomechanics, Inc. KLA Tencor, Oak Ridge, Tennessee). The measurement system was 

isolated from mechanical vibrations using the 250BM-1 isolator (Minus K Technology, 

Inglewood, CA). Due to indium’s strong propensity to creep at room temperature (𝑇𝑇𝐻𝐻 ~ 

0.69), no attempt was made to measure or correct for thermal drift. Instead, thermal 

stability was maximized by using an 8-hour start delay and running the experiments 

overnight. In addition, each test was completed in 50 s or less. The instrument’s frame 

stiffness was taken to be 1.056×106 N/m. Twelve user defined test sites (4×3 arrays with 

40 µm spacing in the 𝑥𝑥 and 𝑦𝑦 directions) were selected for each of the six target loads 

shown in Table 3.1. Using the optical targeting system of the iNano, test sites were selected 

within a single grain, albeit of unknown orientation. To examine the potential effects of 
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strain, the experiments were performed using two different indenter tip geometries: a 

diamond Berkovich and a sapphire sphere with a nominal radius of 10 µm. However, as 

shown in Appendix 3.A (Figure A3), over the indentation depths used to examine indium’s 

creep behavior before the strain burst (≤ ~300 nm), the actual geometry of the sphere is 

more accurately described as a cone with a half-included angle of ~84°. Following the 

strain burst, the tip geometry transitions into that of a 10 µm radius sphere. To directly 

support rationalization of the indentation test results obtained using the Berkovich and the 

‘sphere’, representative images of the residual hardness impressions were obtained using a 

high-resolution field emission scanning electron microscope (FE-SEM), the Hitachi S-

4700 (Schaumburg, IL, USA). 

Indium’s room temperature creep behavior was captured during 30 s holds at each of the 

target loads identified in Table 3.1. In addition to the target loads, Table 3.1 summarizes 

the corresponding range in creep observed during each of the respective 30 s holds. The 

reported depths are averaged values and the percentages represent one standard deviation 

about the mean.  
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Table 3.1. Summary of the target loads and corresponding creep depths used to measure 
the room temperature stress exponent for creep, 𝑛𝑛, before and after the strain burst observed 
in high-purity, well-annealed indium.   

 Berkovich 10 µm radius sphere 

Before the strain burst   

Target load (µN) 162 200 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠 (nm) 307 ± 0.4% 78 ± 2.9% 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑒𝑒𝑒𝑒𝑒𝑒 (nm) 486 ± 0.5% 164 ± 4.0% 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 (nm) 179 86 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠⁄  (%) 58 110 

Target load (µN) 260 750 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠 (nm) 351 ± 1.8% 148 ± 4.3% 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑒𝑒𝑒𝑒𝑒𝑒 (nm) 547 ± 1.8% 280 ± 4.1% 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 (nm) 196 132 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠⁄  (%) 56 89 

After the strain burst   

Target load (µN) 615 360 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠 (nm) 1040 ± 1.3% 306 ± 0.8% 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑒𝑒𝑒𝑒𝑒𝑒 (nm) 1260 ± 1.7% 425 ± 3.2% 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 (nm) 220 120 

ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠⁄  (%) 21 39 
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For each of the CLH tests, the target loads were reached by controlling the loading rate, 𝑃̇𝑃, 

through a feedback loop designed to achieve a prescribed 𝑃̇𝑃 𝑃𝑃⁄  of 0.2 s-1. This target was 

selected to minimize time and the potential effects of thermal drift. Figures 3.1(a) – (d) 

show representative load-time (𝑃𝑃-𝑡𝑡) and the corresponding load-displacement (𝑃𝑃-ℎ) curves 

for the test conditions described in Table 3.1.  

 

3.3.2 Unique aspects of indium’s indentation behavior before 
and after the strain burst 
 

The stochastic strain bursts observed in indium (and lithium) are taken to be the direct 

outcome of a length scale dependent competition for stress relief. It has been proposed that 

the fundamental basis of this competition is directly linked to the probability of finding or 

not finding operable dislocations and/or operable dislocation multiplication sources within 

the stressed volume of material [2-4, 6]. Although this competition is in no way unique to 

indium and lithium, it has not been extensively examined in the literature because the high 

homologous temperatures required to observe this behavior have only become accessible 

to commercially available instrumented indentation in recent years. In this context, what 

makes indium and lithium unique is that the competition for stress relief is observable at 

room temperature, which corresponds to homologous temperatures of ~0.69 and ~0.66, 

respectively.  

Before the strain burst, the creep experiments performed here correspond to indentation 

depths less than ~600 nm for the Berkovich and less than ~300 nm for the 10 µm radius 

sphere (see Table 3.1). At indentation depths less than 600 nm, previous experiments 

performed with the Berkovich (continuous normal loading) show the mean pressure 

supported by indium increases continuously with increasing depth. This unusual result (the 

complete opposite trend is typically observed in most metals) has been rationalized by 

proposing that before the strain burst, the dominant stress relief mechanism is diffusional 

flow along the interface between the indenter tip and indium surface (the diffusion length 

and, thus, the sustainable pressure increase with depth). A direct outcome of this hypothesis 
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is that unlike the plastic deformation typically observed in an indentation experiment, stress 

directed diffusion does not produce an elastically constrained plastic zone beneath the 

indenter tip. Instead, it is expected that the large dislocation spacing (~30 to 100 µm) and 

high homologous temperature enable the characteristic strain imposed by the indenter tip 

to create an elastic strain field (at some but not all test sites) that, through the elastic 

modulus and Hooke’s law, generates stresses that drive interface diffusional flow. As 

previously documented, the corresponding stress is found to be considerably less than the 

theoretical elastic limit of (𝐺𝐺 (2𝜋𝜋)⁄  to 𝐺𝐺 30⁄ , where 𝐺𝐺 is the shear modulus, 𝐺𝐺 = 3.8 GPa), 

and yet still well above the stress associated with an intrinsic indentation size effect (ISE) 

[8]. Moreover, as previously reported, the depth dependent mean pressure observed before 

the strain burst is completely opposite of the traditional ISE [2, 8].  

After the strain burst, the creep experiments performed here correspond to indentation 

depths ranging from ~1000 to 1300 nm for the Berkovich and ~300 to 425 nm for the 10 

µm radius sphere (see Table 3.1). These depths are well within the range of the ISE [8]. 

Previously documented experiments performed with the Berkovich at similar depths show 

that when subjected to continuous normal loading, the depth dependence observed in the 

mean pressure immediately following the strain burst is generally consistent with the ISE 

(hardness decreases with increasing depth) [2]. In addition, after the burst, the measured 

stress exhibits serrated flow, which is indicative of dislocations experiencing stick-slip 

behavior. Collectively, these observations suggest that over the range in creep depths 

examined here, the dominant stress relief mechanism after the burst is expected to be 

dislocation mediated glide and climb assisted glide. However, the ISE stipulates that 

additional geometrically necessary dislocations (GNDs) will be required to accommodate 

the gradient in strain imposed by the indenter tip [8]. The density of GNDs is expected to 

decrease with increasing depth, thus, the decreasing GND density will contribute to the 

decrease in stress with increasing depth. Since spherical indenter tips lack geometric self-

similarity, the ISE is expected to manifest itself differently for the Berkovich and the 

sphere. As previously reported, it is also possible that after the strain burst, dynamic 

recovery and recrystallization enable GNDs and/or statistically stored dislocations to 

coalesce into cell walls or subgrains, thus providing an additional strengthening 
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mechanism. We also note that following the burst, the potential effects of work hardening 

and strain rate are poorly understood. The extent to which these factors may or may not 

contribute to strengthening is largely unknown.  

 

3.3.3 Determining the stress exponent for creep, 𝒏𝒏 
 

Determining constitutive creep parameters from nanoindentation experiments is an 

extensive and active field of research in and of itself. A comprehensive review of the 

experimental techniques and state-of-the-art analysis methods are available elsewhere [9-

11]. In the context of determining 𝑛𝑛 before and after the strain burst observed in indium, 

here we adopt the simplest form of the constitutive creep equation relating the stress, 𝜎𝜎, 

and the steady state strain rate, 𝜖𝜖̇, 

 

𝜖𝜖̇ = 𝛼𝛼𝜎𝜎𝑛𝑛                                                                          (3.1) 

 

where 𝑛𝑛 is defined as the stress exponent for creep, the magnitude of which is taken to be 

characteristic of the dominant stress relief mechanism. As illustrated in Figures 3.1 (a) – 

(d), the 𝑃𝑃, ℎ, and 𝑡𝑡 data used to determine the 𝜖𝜖̇, 𝜎𝜎 and 𝑛𝑛 were acquired during 30 s holds 

at each of the six target loads (also see Table 3.1). Based on the data acquired during each 

hold, 𝑛𝑛 is taken to be the slope of a linear fit to the plot, ln (𝜖𝜖̇) versus ln (𝜎𝜎). For both the 

Berkovich and the spherical indenter tip, the strain rate during the 30 s hold is defined as 

 

𝜖𝜖̇ =
ℎ̇
ℎ

                                                                            (3.2) 

 

where ℎ̇ is the indenter tip velocity and ℎ is the measured indentation depth. This definition 

was adopted for both tip geometries because ℎ and ℎ̇ are directly measured during the 
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experiment. The stress, which is synonymous with the mean pressure or hardness, is 

defined as, 

 

𝜎𝜎 =
𝑃𝑃
𝐴𝐴

                                                                            (3.3) 

 

where 𝑃𝑃 is the applied load during the 30 s hold and 𝐴𝐴 is the projected contact area. 

Experimentally, 𝑃𝑃 is a controlled variable and 𝐴𝐴 is calculated based on the measured or 

assumed mathematical relationship that describes how 𝐴𝐴 physically changes with the 

indentation depth, ℎ.  

For the Berkovich indenter tip, the measured area function over contact depths ranging 

from 300 to 450 nm was found to be 

 

𝐴𝐴𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵ℎ = 5.49ℎ1.9                                                              (3.4) 

 

where the coefficient has units of m0.1 (see Appendix 3.A and Figure A2). It is further noted 

that here we take ℎ to be equivalent to the contact depth, ℎ𝑐𝑐. Beyond indium’s large ratio 

of elastic modulus to yield strength, 𝐸𝐸 𝜎𝜎𝑦𝑦⁄ , justification for abandoning the Oliver-Pharr 

model and assuming ℎ = ℎ𝑐𝑐 is presented in a subsequent section. For the Berkovich, the 

lower limit of 300 nm corresponds to the minimum creep depth observed in indium and 

the upper limit of 450 nm corresponds to the maximum contact depth that could be 

achieved in the fused silica reference block at 90% of the actuator’s 50 mN load limit.  

Given the objective is to determine 𝑛𝑛 and not 𝛼𝛼, an equally valid alternative method for 

determining 𝐴𝐴 is to assume a perfect area function, i.e., 𝐴𝐴 = 24.56ℎ2. In fact, other 

researchers have even set the coefficient equal to one [1]. Although this type of approach 

naturally forces an error in the estimate of 𝜎𝜎, the error is systematic as long as the 𝐴𝐴(ℎ) 

relationship is constant. Subject to this constraint, the forced error in the calculation of 𝐴𝐴 
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and 𝜎𝜎 does not affect the estimate of 𝑛𝑛 (the slope of ln (𝜖𝜖̇) versus ln (𝜎𝜎)). Despite the 

simplicity and utility of this approach, it is not the method employed here. As will be 

discussed in a subsequent section, our attempt at relating the magnitude of 𝑛𝑛 to the 

mechanism of action controlling localized stress relief requires a more precise estimate of 

the functional dependence between 𝐴𝐴 and ℎ. In particular, the critical element is the 

magnitude of the exponent on ℎ. As such, here we utilize the experimentally determined 

area function to define the 𝐴𝐴(ℎ) relationship over the relevant range in ℎ, Eq. (3.4). A 

concise summary of the area function is available in Appendix I. 

For a spherical indenter tip, 

 

𝐴𝐴𝑠𝑠𝑠𝑠ℎ𝑒𝑒𝑒𝑒𝑒𝑒 = 𝜋𝜋𝑎𝑎2                                                                     (3.5) 

 

where 𝑎𝑎 is the contact radius. Over contact depths ranging from 80 to 160 nm, the 

measured relationship between 𝑎𝑎 and ℎ was found to be 

 

𝑎𝑎 = 0.17ℎ0.74                                                                     (3.6) 

 

and, thus, the area function for the sphere is taken to be 

 

𝐴𝐴𝑠𝑠𝑠𝑠ℎ𝑒𝑒𝑒𝑒𝑒𝑒 = 2.98 × 10−2𝜋𝜋ℎ1.48                                                     (3.7) 

 

where the coefficient has units of m0.52 (see Appendix 3A and Figure A3). For the sphere, 

the lower limit of ~80 nm corresponds to the minimum creep depth observed in indium 

and the upper limit of 160 nm is again a consequence of the actuator’s load limit in 

conjunction with the silica reference block. A concise summary of the area function for the 

sphere (applicable only before the strain burst) is available in Appendix 3A.  
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3.3.4 Extrapolation of the indenter tip area functions, Eqs. (4) 
and (7) 

 

Determining 𝐴𝐴 over the full range of creep depths examined here requires the extrapolation 

of Eqs. (3.4) and (3.7) beyond the maximum calibration depths achieved in the fused silica 

reference block. For the Berkovich, extrapolation of the area function occurs over contact 

depths ranging from ~450 to 1300 nm. This is not an uncommon occurrence. Here we note 

the measured area function extrapolates smoothly and the area determined from Eq. (3.4) 

and the area measured from the residual hardness impressions at ~1300 nm are found to 

match within 2.4%. This indicates that extrapolation of the Berkovich area function (Eq. 

(3.4)) over contact depths ranging from ~450 to 1300 nm is valid and is not a significant 

source of error in determining 𝐴𝐴.  

For the sphere, extrapolation of the area function occurs over contact depths ranging from 

~160 to 450 nm. The unique challenge for many small radii spheres (𝑅𝑅 ≤ ~50 µm) is that 

at depths corresponding to a small fraction of 𝑅𝑅, the physical tip geometry is often not 

accurately described as a sphere [12]. In other words, when ℎ ≪ 𝑅𝑅, 𝑅𝑅 is often found to be 

depth dependent. This is precisely the case here, as Eq. (3.7) represents a significant 

deviation from the ideal relation of 𝑎𝑎 = √2𝑅𝑅ℎ. In comparing the ideal tip geometry to the 

dimensions of the residual hardness impressions after the strain burst (ℎ ≈ 450 nm), it is 

found they match to within 3.8%. This suggests that the measured area function transitions 

into the ideal tip geometry somewhere in the depth range of ~160 to 450 nm (1.6 to 4% of 

𝑅𝑅). The unique problem here is that before the strain burst, the contact morphology exhibits 

significant pile up, which makes it very difficult to accurately assess the validity of the 

measured area function (see Figures 3.2 (a), (b), (d) and (e)). As shown in Appendix 3A, 

over the depth range of ~80 to 160 nm, the geometry of the sphere is more accurately 

described as a cone with a half-included angle of ~84°. Here we assume this geometry is 

followed until it transitions into the same area-to-depth relation as the ideal 10 µm radius 

sphere. Mathematically, this transition occurs at an indentation depth of ~250 nm, which 
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is within the expected range of 160 to 450 nm. This means that extrapolation of the 

measured area function for the sphere is theoretically limited to a maximum depth of ~250 

nm, which is very close to the maximum creep depths observed before the strain burst (see 

Table 3.1). Following the strain burst, we implement the ideal area function for a sphere, 

𝑎𝑎 = √2𝑅𝑅ℎ (assuming ℎ ≪ 𝑅𝑅), which leads to 

 

𝐴𝐴𝑠𝑠𝑠𝑠ℎ𝑒𝑒𝑒𝑒𝑒𝑒�𝑝𝑝𝑝𝑝𝑝𝑝𝑝𝑝 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠 𝑏𝑏𝑏𝑏𝑏𝑏𝑏𝑏𝑏𝑏
= 2𝜋𝜋𝜋𝜋ℎ                                                    (8) 

 

3.3.4.1 Justification for assuming ℎ = ℎ𝑐𝑐 
 

Previously reported images of residual hardness impressions in high purity, well-annealed 

indium as well as the images obtained from this investigation (Figures. 3.2 (a) – (f)) show 

the contact morphology exhibits significant pile-up before the strain burst and virtually 

none after [2]. Collectively, these observations show the simplified definition of ℎ𝑐𝑐 adopted 

here is a reasonable approximation to make after the strain burst, but not before. Despite 

the obvious discrepancy that exists before the burst, the slope of ln(𝜖𝜖̇) versus ln(𝜎𝜎), which 

is 𝑛𝑛, will be unaffected by the resulting underestimation of 𝐴𝐴 and overestimation of 𝜎𝜎 as 

long as the pile-up geometry is self-similar over the range in displacement. In this way, the 

error in 𝜎𝜎 due to the pile-up observed before the burst is systematic and results only in a 

vertical shift of the data, not the slope. This rational also serves as the basis for the 

simplified area function implemented by others and mentioned previously, e.g., 

𝐴𝐴𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵ℎ = 24.56ℎ𝑐𝑐
2 or even 𝐴𝐴𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵ℎ = ℎ𝑐𝑐

2 [1, 13].  
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Figure 3.2. Representative residual hardness impressions in high-purity, well-annealed 
indium. Images(a) – (c) were generated by a Berkovich indenter tip at loads of 162, 260, 
and 615 µN, respectively. Images (d) – (e) were generated by a 10 µm radius ‘spherical’ 
indenter tip at loads of 200, 750, and 360 µN, respectively. The residual hardness 
impression from the sphere at 750 µN is smaller than the 360 µN impression due to the 
absence of the strain burst. 
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Well-validated models are capable of accounting for both pile-up and sink-in, however, the 

proposed mechanism of action, interface diffusion, is inconsistent with the dislocation 

mediated flow and elastically constrained plastic zone that form the basis of these models 

[10, 11]. Recalling that our goal is to determine the magnitude of 𝑛𝑛, the complexity of 

accurately accounting for pile-up is avoidable if, as stated above, the pile-up geometry is 

self-similar such that it creates a systematic error in the overestimation of 𝜎𝜎. To a first order 

approximation, it will be shown that the simplified model adopted here results in 

predictions consistent with the experimental observations.  

 

3.4 Results and Discussion 
 

Analyzing the CLH indentation data in the manner described above, Figures 3.3 (a) – (d) 

show the average 𝜖𝜖̇ versus 𝜎𝜎 and the corresponding ln(𝜖𝜖̇) versus ln(𝜎𝜎). Although there is 

some discernable nuance in the linearity shown in Figs. 3.3 (a) and (c), the data are 

generally well described by the power law relation, 𝜖𝜖̇ = 𝛼𝛼𝜎𝜎𝑛𝑛. Obtained from the curve fits 

shown in Figures 3.3 (a) – (d), the estimated values of 𝑛𝑛 before and after the strain burst 

for both the Berkovich and the 10 µm radius sphere are summarized in Table 3.2. Before 

rationalizing these results, we present an important comparison to previously published 

data from similar experiments conducted over 20 years ago.  
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Figure 3.3. (a) and (b) show the measured strain rate-stress relationships acquired using the 
Berkovich indenter tip. (c) and (d) show the same relationships acquired using a 10 µm 
radius ‘spherical’ indenter tip. For both indenter tip geometries, Before and After refer to 
the characteristic strain burst observed in the load-displacement data. 
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Table 3.2. As measured by nanoindentation using the CLH method, the room temperature 
stress exponent for creep, 𝑛𝑛, evaluated before and after the strain burst observed in high-
purity, well-annealed indium.  

 Berkovich 10 µm radius sphere 

Before the strain burst   

Load (µN) 162 200 

Depth, ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠 (nm) 307 78 

𝑛𝑛 (-) 3.1 2.7 

Load (µN) 260 750 

Depth, ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠 (nm) 351 148 

𝑛𝑛 (-) 3.3 2.5 

After the strain burst 

Load (µN) 615 360 

Depth, ℎ𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠 (nm) 1040 306 

𝑛𝑛 (-) 7.7 12.3 

Increase in 𝑛𝑛 after the burst 141% 373% 

 

3.4.1 Previous measurements of 𝒏𝒏 before and after the strain 
burst 

 

Among the previous examinations of indium’s indentation creep behavior, Feng and Ngan 

used a similar type of CLH experiment to evaluate 𝑛𝑛 before and after the strain burst [1]. 

Their experiments were performed using a Berkovich indenter tip and 𝑛𝑛 was determined 

from data acquired during what appears to be ~200 s hold. Both before and after the burst, 

Feng finds 𝑛𝑛 to be depth dependent during the 200 s hold. Before the burst, Feng reports 

that 𝑛𝑛 ranges from ~3 at the beginning of the hold to ~1.5 near the end. After the burst, 𝑛𝑛 
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is found to be ~6.2, but the value increases significantly near the end of the hold. Based on 

these values, Feng concludes the dominant stress relief mechanism operating before the 

strain burst is diffusional creep and dislocation creep after.  

While Feng’s values are somewhat similar to those reported here, rigorous comparisons 

are hindered by fundamental differences in the implementation of the experimental 

technique. Before the burst, Feng’s experiments experience an uncontrolled load drop 

during the 200 s hold. The magnitude of the drop is determined by the product of creep 

distance and the spring constant of the indenter. The load drop is of particular importance 

in determining 𝑛𝑛 before the strain burst because the product of the spring stiffness and the 

creep distance is a significant fraction of the applied load. Before the burst, the load drops 

continuously during the hold, from ~80 µN at the start to 60 µN at the end, a decrease of 

25%. After the burst, the applied load increases to ~2.8 mN and, thus, the inherent load 

drop is significantly less, ~1%. The upshot is that before the burst, the depth dependent 

load in Feng’s measurement potentially contributes to the observed depth dependence in 𝑛𝑛 

in a manner that is not understood.  

After the burst, Feng’s estimate of 𝑛𝑛 comes from a target load of 2.8 mN and creep depths 

ranging from 2.2 to 3 µm. By comparison, these values are ~355% and ~117% larger than 

the target load and creep depths examined here, respectively. This is significant because 

the higher load and displacement utilized in Feng’s analysis of 𝑛𝑛 significantly decreases 

the potential influence of the ISE, which is thought to play an important role in the creep 

behavior examined here. As such, Feng’s estimate of 𝑛𝑛 after the burst is not directly 

comparable to the magnitude of 𝑛𝑛 determined here.  

In addition to Feng, the creep behavior of indium has also been examined by Lucas and 

Oliver [13]. Among the significant outcomes from their work, Lucas and Oliver find that 

at length scales commensurate with Feng’s examination after the burst (generally beyond 

the ISE), 𝑛𝑛 = ~5 and that it exhibits no depth dependence. By comparison, Feng finds 𝑛𝑛 =

~6.2 and that the value changes with depth. The nature of the depth dependence 

discrepancy between Feng and Lucas is not well understood. We note, however, the 
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experiments performed by Feng were conducted using a commercially available 

nanoindenter while the experiments performed by Lucas were conducted using a custom 

built, and highly specialized high temperature mechanical properties microprobe 

specifically designed to overcome the challenges associated with micromechanical creep 

testing.  

 

3.4.2 Qualitative comparisons among residual hardness 
impressions 

 

Representative images of the residual hardness impressions obtained here are shown in 

Figures 3.2 (a) – (f). For both tip geometries, the surface morphology clearly transitions 

from significant pile-up before the strain burst, to virtually no pile-up after. This change in 

the morphology is taken to be representative of a major change in the deformation 

mechanism following the strain burst. Very similar results have been previously reported 

for the Berkovich [2]. In that study, analysis of the residual hardness impressions before 

the burst suggests the volume of indium displaced by the indenter tip is uniquely conserved 

by the pile-up, which is consistent with the hypothesized mechanism of interface 

diffusional flow [2].  

At the lowest loads implemented here, Figures 3.2(a) and (d) show the surface morphology 

is considerably less uniform, particularly for the sphere. The undulating, starburst-like 

features emanating outward from the edges of the contact are poorly understood. 

Examination and rationalization of these features is beyond the scope of this work. 

Nevertheless, we speculate that the undulations in the surface may be the result of the 

Asaro-Tiller-Grinfeld (ATG) instability associated with elastic stress relaxation by surface 

diffusion [14, 15]. In this context, we conjecture that interplay between the stress and the 

surface free energy, which is affected by the local curvature, results in localized instabilities 

that manifest in nonuniform mass transport. Further examination and analysis of these 

unique features is left to future investigations.  
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3.4.3 After the strain burst: Relating 𝒏𝒏 to the mechanism of 
action controlling localized stress relief  

 

After the strain burst, the magnitude of 𝑛𝑛 obtained from the experiments performed using 

the Berkovich increases from ~3.2 to 7.7 (an increase of 141%). In comparison, the value 

of 𝑛𝑛 measured using the 10 µm radius sphere increases from ~2.6 to 12.3 (an increase of 

373%). The strain burst itself is taken to signify the triggering of a dislocation 

multiplication source, resulting in an avalanche of dislocation motion. This is supported by 

the observed and previously documented transition from smooth, monotonically increasing 

load-displacement curves before the strain burst, to serrated, stochastic flow indicative of 

stick-slip behavior after the burst (also discernable in Figures 3.1 (b) and (d)) [2]. 

Considering the contact dimensions are more than two orders of magnitude smaller than 

the average grain size (1-2 mm), here we assume grain boundary stress relief mechanisms 

are largely inoperable. We also note the previously documented ISE observed after the 

burst is further evidence of dislocation mediated flow. Within this context, the measured 

values of 𝑛𝑛 after the strain burst, 7.7 for Berkovich and 12.3 for the sphere, are taken to be 

representative of both dislocation glide and climb assisted glide.  

The difference in 𝑛𝑛 between the Berkovich (7.7) and the sphere (12.3) is not well 

understood. Recalling that the experiments performed with the sphere after the burst are 

well within range of the ISE (ℎ𝑚𝑚𝑚𝑚𝑚𝑚 = ~425 nm ≤ 0.04𝑅𝑅, where 𝑅𝑅 is the nominal tip radius 

of 10 µm) and that the ISE manifests itself differently for spheres and the Berkovich, it is 

not unreasonable to assume the ISE is at least a contributing factor to the difference in 𝑛𝑛 

observed after the burst. In addition to the ISE, differences in the imposed strain may also 

affect the amount and rate of work hardening. These important questions regarding the 

operational efficiency of stress relief mechanisms are left to future investigations.  
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3.4.4 Before the strain burst: Relating 𝒏𝒏 to the mechanism of 
action controlling localized stress relief  

 

Before the burst, both tip geometries yield values of 𝑛𝑛 that are predominantly independent 

of the target load and the resulting displacement, suggesting that potential history effects 

are minimal. For both tip geometries, the measured 𝑛𝑛 is significantly larger than 1, which, 

at macroscopic length scales, is the nominally expected value associated with stress 

directed diffusional flow [16]. Taken at face value, this result would seem to falsify the 

proposed hypothesis relating 𝑛𝑛 to the mechanism of action enabling stress relief before the 

strain burst. However, in the following section, we present a new model that effectively 

rationalizes the measured values of 𝑛𝑛 based on stress directed, interface diffusional flow. 

Within this context, the difference in 𝑛𝑛 between the Berkovich (~3.2) and the sphere (~2.6) 

is taken to be a unique outcome of the different 𝐴𝐴(ℎ) relationships, not a change or 

transition in the mechanism of action enabling localized stress relief. As shown in 

Appendix 3A, converting the measured area functions to their respective equivalent cones, 

the Berkovich and sphere have half-included cone angles of 70.2 and 84°, respectively. 

Over the length scales examined here, the sharper angle of the Berkovich imposes a more 

severe shape change and, hence, creates a larger gradient in elastic strain. Through the 

elastic modulus and Hooke’s law, this translates directly into higher stresses and steeper 

stress gradients driving the diffusive flow. In order to experience the same amount of stress 

relief, the Berkovich, by virtue of its geometry relative to the sphere, naturally requires a 

larger change in the strain rate, which under the conditions examined here, the indium 

appears capable of providing through a faster diffusion rate. This requirement is further 

corroborated by Figures 3.4 (a) and (b), which show that for the same decrease in stress, 

the Berkovich experiences a faster decrease in the velocity (higher rate of deceleration). 

Rationalized in this way, the difference in 𝑛𝑛 between the Berkovich (~3.2) and the sphere 

(~2.6) is a unique consequence of the indenter tip geometry, not a change or transition in 

the stress relaxation mechanism. Additional evidence supporting this rationalization is 

provided in the form of the predicted relationship between the velocity and stress, which is 

presented in the following section.   
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Figure 3.4. The velocity-stress relationships measured measured Before the strain burst 
using (a) the Berkovich indenter tip and (b) a 10 µm radius ‘spherical’ indenter tip. 

 

 

3.4.5 A new model for localized, stress directed interface 
diffusional flow  

 

Here, we consider the indentation creep of high-purity, well-annealed indium at a 

homologous temperature of ~0.69 in the context of an interface:surface diffusion 

mechanism. Mullins has shown that the local interface (or surface) velocity is determined 

by the divergence of the surface flux [17]. The velocity of a rigid shape then requires a 

constant flux divergence over the surface of the shape if it is to remain constant [17, 18]. 

For the indentation problem, the flux divergence is considered constant over the 

indenter:indium interface at each point in time, with the required spatial distribution of the 

chemical potential required for constant flux divergence adjusting as the indenter tip 

velocity changes. Using the Mullins small slope approximation for the indenter:interface 

shape, the solution for the chemical potential, 𝜇𝜇 (J/atom), is obtained from the solution of 

the differential equation for the constant flux divergence (over the interface) in polar 

coordinates, 



79 

 

−
ℎ̇
𝐵𝐵

= 𝑐𝑐𝑐𝑐𝑐𝑐𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠 =
1
𝑟𝑟
𝜕𝜕
𝜕𝜕𝜕𝜕
�

1
𝑟𝑟
𝜕𝜕𝜕𝜕
𝜕𝜕𝜕𝜕
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which assuming symmetry about 𝑟𝑟 = 0 yields 

𝜇𝜇 = 𝐶𝐶 −
ℎ̇
𝐵𝐵
𝑟𝑟2                                                                   (3.10) 

 

where ℎ̇ is the indentation velocity, 𝐵𝐵 is a diffusion coefficient term, 𝐵𝐵 = 𝐷𝐷𝑠𝑠𝛿𝛿/(𝑘𝑘𝐵𝐵𝑇𝑇) 

(atom m3/(Js)), 𝐷𝐷𝑠𝑠 is the self-diffusion coefficient (m2/s), 𝛿𝛿 is the surface layer thickness 

(m), 𝑘𝑘𝐵𝐵 is the Boltzmann constant (J/(K∙atom)), 𝑇𝑇 (K) is the absolute temperature, 𝑟𝑟 is the 

radial position (m), and 𝐶𝐶 is an integration constant (J/atom) [18]. The coefficient 𝐶𝐶 may 

be determined by noting that the average chemical potential under the indenter tip must 

correspond to the mean pressure, 𝜎𝜎, supporting the indenter through the integral 

 

� �𝐶𝐶 −
ℎ̇
𝐵𝐵
𝑟𝑟2� 𝑟𝑟 𝑑𝑑𝑑𝑑 

1
𝜋𝜋𝑎𝑎2

𝑎𝑎

0
= Ω𝜎𝜎                                                   (3.11) 

 

which determines 

 

Ω𝜎𝜎 = −
ℎ̇𝑎𝑎2 − 2𝐵𝐵𝐵𝐵

4𝜋𝜋𝜋𝜋
                                                            (3.12) 

 

allowing for the solution for the integration constant 

 

𝐶𝐶 =
ℎ̇𝑎𝑎2 + 4𝜋𝜋𝜋𝜋Ω𝜎𝜎

2𝐵𝐵
                                                             (3.13) 
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and, thus, the chemical potential distribution along the indenter:indium interface, 

 

𝜇𝜇𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖 =
ℎ̇𝑎𝑎2 + 4𝜋𝜋𝜋𝜋Ω𝜎𝜎

2𝐵𝐵
−
ℎ̇
𝐵𝐵
𝑟𝑟2                                               (3.14) 

 

where Ω is the atomic volume (m3/atom).  

At the intersection of the indenter:indium interface with the indium free surface, referred 

to as the triple junction, we note the gradient in the chemical potential must be continuous 

and, the gradient sets the equation for the velocity, ℎ̇, of the indenter tip. Although the exact 

form of the free surface chemical potential, 𝜇𝜇𝑓𝑓𝑓𝑓𝑓𝑓𝑓𝑓 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠, is unknown, here we assume it 

is equal to the elastic strain energy/atom, 𝑈𝑈𝑓𝑓𝑓𝑓𝑓𝑓𝑓𝑓 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠, as described in references [14] and 

[15]. In doing so, the gradient in the chemical potential evaluated at the triple junction 

(𝑑𝑑𝜇𝜇𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖 𝑑𝑑𝑑𝑑⁄  at 𝑟𝑟 = 𝑎𝑎) is equal to the gradient in free surface elastic strain energy/atom 

evaluated at the triple junction (𝑑𝑑𝑈𝑈𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖 𝑑𝑑𝑑𝑑⁄  at 𝑟𝑟 = 𝑎𝑎). Here, we approximate the elastic 

strain energy distribution along the indenter:indium interface through the elastic solution 

for a pressurized hollow sphere of radius, ℎ [19]. The stress parallel to the free surface, 

designated 𝜎𝜎𝑟𝑟𝑟𝑟, is estimated to have the form 

 

𝜎𝜎𝑟𝑟𝑟𝑟 = −𝜎𝜎 �
ℎ
𝑟𝑟
�
3

                                                                 (3.15) 

 

Taking the elastic strain energy to be 𝜎𝜎2 (2𝐸𝐸)⁄ , then, the elastic strain energy/atom along 

the indenter:indium interface can be estimated as 

𝑈𝑈𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖 = Ω
𝜎𝜎𝑟𝑟𝑟𝑟2

2𝐸𝐸
= Ω

𝜎𝜎2

2𝐸𝐸
�
ℎ
𝑟𝑟
�
6

                                                (3.16) 
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and the corresponding gradient in the elastic strain energy/atom evaluated at the triple 
junction (𝑟𝑟 = 𝑎𝑎) is then, 

 

𝑑𝑑𝑈𝑈𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖
𝑑𝑑𝑑𝑑

�
𝑟𝑟=𝑎𝑎

= Ω
𝑑𝑑(𝜎𝜎𝑟𝑟𝑟𝑟

2/2𝐸𝐸)
𝑑𝑑𝑑𝑑

�
𝑟𝑟=𝑎𝑎

= −Ω
3𝜎𝜎2ℎ6

𝐸𝐸𝑎𝑎7
                                (3.17) 

 

The imposed boundary condition at the triple junction sets 𝑑𝑑𝜇𝜇𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖
𝑑𝑑𝑑𝑑

�
𝑟𝑟=𝑎𝑎

 equal to 
𝑑𝑑𝜇𝜇𝑓𝑓𝑓𝑓𝑓𝑓𝑓𝑓 𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠

𝑑𝑑𝑑𝑑
�
𝑟𝑟=𝑎𝑎

. Thus, the boundary condition can be re-stated as 

 

𝑑𝑑𝜇𝜇𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖
𝑑𝑑𝑑𝑑

�
𝑟𝑟=𝑎𝑎

=
𝑑𝑑𝑈𝑈𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖

𝑑𝑑𝑑𝑑
�
𝑟𝑟=𝑎𝑎

                                               (3.18) 

 

which, through the differentiation of Eq. (3.14), Eq. (3.18) gives 

 

2ℎ̇𝑎𝑎
𝐵𝐵

= Ω
3𝜎𝜎2ℎ6

𝐸𝐸𝑎𝑎7
                                                                (3.19) 

 

The diffusion-based analysis presented in this section culminates in Eq. (3.19), which now 

serves as the basis for determining the relationship between ℎ̇ and 𝜎𝜎, and, ultimately, 𝜖𝜖̇ (or 

ℎ̇ ℎ⁄ ) and 𝜎𝜎. As previously noted, this analysis only applies to the creep behavior observed 

before the strain burst.  

 

3.4.6 Comparison to the model for nanoindentation creep from 
Li and Warren 

 

The surface diffusion limited strain rate analysis of Li and Warren for a cone shaped 

indenter uses a similar approach to the analysis presented here except for the application 
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of the free surface elastic strain energy boundary condition (Eq. 3.18) and the manner in 

which the velocity of the indenter tip is mathematically represented (Eq. 3.10 here versus 

Eq. A2.8 from Li and Warren) [20]. Eq. 3.10 defines the indentation velocity as given by 

the divergence in diffusion potential while Eq. A2.8 indirectly defines the indentation 

velocity in terms of the gradient in the diffusion potential, which is inconsistent with 

Mullins [20]. Here, Eq. 3.18 considers that the diffusion along the free surface adjacent to 

the indenter:surface interaction contributes to the kinetics of stress relaxation via surface 

diffusion. Certainly, the residual hardness impressions previously documented and those 

reported here show surface morphology changes consistent with mass transport at the free 

surface during the creep process [2].  

 

3.4.7 Berkovich Indenter Tip Geometry 
 

Based on the measured area function for the Berkovich (see Appendix 3A), the 

relationship between 𝑎𝑎 and ℎ for this tip’s equivalent cone is 

 

𝑎𝑎 = 1.29ℎ0.948                                                                  (20) 

 

Solving Eq. (3.19) for ℎ̇ and substituting the 𝑎𝑎(ℎ) relationship for the equivalent cone 

(Eq. (3.20)) gives, 

 

ℎ̇ =
𝐶𝐶1𝐵𝐵Ω𝜎𝜎2

𝐸𝐸ℎ1.58                                                                    (21) 

 

To eliminate the depth dependence, we utilize the relationship between 𝑎𝑎 and 𝜎𝜎, 
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𝜎𝜎 =
𝑃𝑃
𝜋𝜋𝑎𝑎2

                                                                      (3.22) 

 

or 

 

𝑎𝑎 = 1.29ℎ0.948 =
√𝑃𝑃
√𝜋𝜋√𝜎𝜎

                                                        (3.23) 

 

Solving Eq. (3.23) for ℎ and substituting into Eq. (3.21) gives the relationship between ℎ̇ 
and 𝜎𝜎 as 

 

ℎ̇𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵ℎ =
𝐶𝐶2𝐵𝐵Ω𝜎𝜎2.83

𝐸𝐸𝑃𝑃0.83                                                          (3.24) 

 

which predicts that a log-log plot of ℎ̇ versus 𝜎𝜎 will have a slope of 2.83, which is consistent 

with the experimental observations shown in Figure 3.4 (a). The relationship between 𝜖𝜖̇ 

and 𝜎𝜎 is derived by dividing both sides of Eq. (3.24) by ℎ, yielding 

 

ℎ̇
ℎ
�
𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵𝐵ℎ

= 𝐶𝐶3
𝐵𝐵Ω𝜎𝜎3.36

𝐸𝐸𝑃𝑃1.36                                                        (3.25) 

 

which predicts that a log-log plot of ℎ̇ ℎ⁄  (or 𝜖𝜖̇) versus 𝜎𝜎 will have a slope of 3.36, which 

is consistent with the experimental observations shown in Figures 3.3 (a) and (b).  
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3.4.8 Spherical Indenter Tip Geometry 
 

Solving Eq. (3.19) for ℎ̇ and substituting the 𝑎𝑎(ℎ) relationship for the sphere, 𝑎𝑎 =

𝐶𝐶4 ℎ0.75, gives 

 

ℎ̇𝑠𝑠𝑠𝑠ℎ𝑒𝑒𝑒𝑒𝑒𝑒 =
𝐶𝐶4𝐵𝐵Ω𝜎𝜎2

𝐸𝐸
                                                             (3.26) 

 

which indicates that a log-log plot of ℎ̇ versus 𝜎𝜎 has a slope of 2, which is consistent with 

the experimental observations shown in Figure 3.4 (b). The relationship between 𝜖𝜖̇ and 𝜎𝜎 

is derived by dividing both sides of Eq. (3.26) by ℎ, yielding 

 

ℎ̇
ℎ
�
𝑠𝑠𝑠𝑠ℎ𝑒𝑒𝑒𝑒𝑒𝑒

=
𝐶𝐶4𝐵𝐵Ω𝜎𝜎2

𝐸𝐸
1
ℎ

                                                           (3.27) 

 

To eliminate the depth dependence, we utilize the relationship between 𝑎𝑎 and 𝜎𝜎, 

 

𝜎𝜎 =
𝑃𝑃
𝜋𝜋𝑎𝑎2

=
𝑃𝑃

𝜋𝜋(𝐶𝐶6 ℎ0.75)2
                                                        (3.28) 

 

Solving Eq. (3.28) for ℎ gives 

 

ℎ = 𝐶𝐶7
𝑃𝑃0.67

𝜎𝜎0.67                                                                    (3.29) 

 

Substituting Eq. (3.29) into Eq. (3.27) and simplifying yields, 
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ℎ̇
ℎ
�
𝑠𝑠𝑠𝑠ℎ𝑒𝑒𝑒𝑒𝑒𝑒

= 𝐶𝐶8
𝐵𝐵Ω𝜎𝜎2.67

𝐸𝐸𝑃𝑃0.67                                                           (3.30) 

 

which predicts that that a log-log plot of ℎ̇ ℎ⁄  (or 𝜖𝜖̇) versus 𝜎𝜎 will have a slope of 2.67, 

which is also consistent with the experimental observations shown in Figures 3.3 (c) and 

(d).  

Equations (3.25) and (3.30) are also of interest because they predict a load dependent shift 

in the stress:strain rate behavior. That is, for a given stress, the measured strain rate ratio 

at two different loads is expected to follow the ratio of the two constant loads to the power 

of −1.36 for the Berkovich and −0.67 for the sphere. For example, consider the Berkovich 

data. At a stress of 47 MPa, the strain rate ratio at the two different loads is 2.1, with Eq. 

(3.25) predicting a ratio of 1.9. Similarly, for the sphere, at a stress of 50 MPa, the strain 

rate ratio at the two different loads is 4.4, with Eq. (3.30) predicting a ratio of 2.4. The 

general dependence on load is correctly predicted by the model, but the magnitude of the 

load effect is underestimated for the ‘sphere.’ We speculate that this discrepancy is due to 

inaccuracies imposed by the forced extrapolation of the area function for the ‘sphere.’  

 

3.5 Conclusions 
 

Using instrumented indentation performed with a diamond Berkovich and a sapphire 

sphere with a nominal radius of 10 µm, the stress exponent for creep of high-purity, well-

annealed indium has been measured before and after a characteristic strain burst signaling 

an abrupt transition in the mechanism of action that controls stress relief.  
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1. Before the strain burst, experiments performed at two different loads using the 

Berkovich indenter tip yield stress exponents of 𝑛𝑛 = 3.1 and 𝑛𝑛 = 3.3, indicating the 

creep behavior is nominally history independent. 

2. Before the strain burst, experiments performed at two different loads using the 10 

µm spherical indenter tip yield stress exponents of 𝑛𝑛 = 2.7 and 𝑛𝑛 = 2.5, again, 

indicating the creep behavior is nominally history independent. 

3. Before the strain burst, the measured stress exponents were rationalization using a 

new model based on stress directed diffusional flow along the interface between 

the indenter tip and the surface of the test specimen. Based on the new model, the 

predicted stress exponents for the Berkovich and sphere are not 1 (the expected 

value for diffusional flow at bulk or macroscopic length scales), but rather 3.36 and 

2.67, respectively. These predictions are consistent with the experimental 

observations. Comparing the expected and measured values of 𝑛𝑛, the relative error 

for the Berkovich and sphere are 4.8 and 2.6%, respectively.  

4. Before the strain burst, the difference in 𝑛𝑛 between the Berkovich and sphere is not 

due to a change in the stress relaxation mechanism, but rather a direct outcome of 

the indenter tip’s physical geometry, or more specifically, the relationship between 

the projected contact area and the indentation depth.  

5. After the strain burst, experiments performed using the Berkovich and sphere yield 

stress exponents of 𝑛𝑛 = 7.7 and 𝑛𝑛 = 12.3, respectively. These values are taken to 

be representative of dislocation glide and climb assisted glide. The difference in 𝑛𝑛 

between the Berkovich and the sphere is not well understood, but thought to be a 

direct outcome of the indentation size effect and potential contributions from 

differences in the imposed strain, which is expected to affect the amount and rate 

of work hardening.  
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A Appendix 3.A. Indenter Tip Characterization  
 

A.1 The diamond Berkovich indenter tip 
 

The representative 𝑃𝑃-ℎ curves in Figure 3.1 (b) show that experiments performed with the 

Berkovich correspond to creep depths ranging from ~300 to 1300 nm. As shown in Figure 

A.1, analysis of elastic 𝑃𝑃-ℎ data from experiments performed on single crystal sapphire, 

the tip defect at the apex of the Berkovich is thought to be ~160 nm. Considering the two-

dimensional analog of an ideal Berkovich to be a cone with a half-included angle of 70.3°, 

the transition from the tip defect to the Berkovich geometry is nominally expected to occur 

at a depth of ~10 nm, which is well below the minimum creep depth of ~300 nm. This 

suggests that at ℎ ≥ ~300 nm, the relationship between the contact depth, ℎ𝑐𝑐, and the 

projected contact area, 𝐴𝐴, known as the indenter tip’s area function, should be accurately 

described by the tip manufacturer’s measured lead term alone.  
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Figure A.1.  Direct comparison between the theoretical and experimentally measured 
elastic load-displacement data acquired using the Berkovich indenter tip and C-axis 
sapphire. As per the theoretical relationship of Hertz, the effective radius of the tip defect 
is approximately 160 nm. 

 

The area function for the Berkovich was experimentally determined using a frequency 

specific nanoindentation technique coupled with a fused silica reference block [21, 22]. 

The elastic properties of the reference block (Young’s modulus and Poisson’s ratio) were 

previously measured using ultrasonic techniques. Details of procedure used to determine 
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the area function are well-documented elsewhere [21-23]. Here we present only the 

highlights relevant to the creep experiments performed in indium.  

Implementing a frequency specific nanoindentation technique, the elastic contact stiffness, 

𝑆𝑆, was measured continuously as a function of depth to ~635 nm (90% of the actuator’s 

maximum load). Through the universal stiffness relation,  

 

𝐸𝐸𝑟𝑟 =
√𝜋𝜋
2

1
𝛽𝛽
𝑆𝑆
√𝐴𝐴

                                                                  (A1) 

 

the corresponding 𝐴𝐴 was calculated as a continuous function of depth. The geometric 

constant 𝛽𝛽 was taken to be 1.0 and 𝐸𝐸𝑟𝑟, the reduced elastic modulus is given by  

 

𝐸𝐸𝑟𝑟 = �
1 − 𝜈𝜈𝑖𝑖2

𝐸𝐸𝑖𝑖
+

1 − 𝜈𝜈2

𝐸𝐸
�
−1

                                                     (A2) 

 

where 𝜈𝜈𝑖𝑖 and 𝐸𝐸𝑖𝑖 are Poisson’s ratio and the elastic modulus of the diamond indenter, 0.07 

and 1141 GPa, respectively, and 𝜈𝜈 and 𝐸𝐸 are the ultrasonically measured values of the silica 

reference block, 0.19 and 73 GPa, respectively. The corresponding contact depth, ℎ𝑐𝑐, was 

calculated using the Oliver-Pharr model, 

 

ℎ𝑐𝑐 = ℎ − 𝜖𝜖 𝑃𝑃 𝑆𝑆⁄                                                                 (A3) 

 

where ℎ is the displacement into the surface of the test specimen, 𝑃𝑃 is the applied load and 

𝜖𝜖 for the Berkovich indenter is taken to be 0.75. Figure A.2 shows the calculated 𝐴𝐴 as a 

function of ℎ𝑐𝑐 and the corresponding curve fit, which gives the indenter tip’s area function 

over contact depths ranging from ~300 to 450 nm. The lower limit of 300 nm corresponds 
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to the minimum creep depth achieved in indium and the upper limit of 450 nm is fixed by 

the load limit of the actuator. The projected contact area directly measured from the 

residual hardness impressions following the strain burst (no discernable pile-up) is found 

to match the extrapolated best fit area function to within 3.4%. As a point of reference, we 

note the coefficient obtained by forcing the exponent on ℎ𝑐𝑐 to 2 matches the manufacturer’s 

measured lead term to within 0.5%.  
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Figure A.2. The experimentally determined area function for the Berkovich indenter tip 
over contact depths (creep depths) ranging from 300 to 450 nm.  

 

A.2 The 10 𝝁𝝁m radius sapphire spherical indenter tip 
 

As previously described, the area function for the sphere is piecewise, 
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𝐴𝐴𝑠𝑠𝑠𝑠ℎ𝑒𝑒𝑒𝑒𝑒𝑒

= �2.98 × 10−2𝜋𝜋ℎ𝑐𝑐
1.48       for 80 ≤ ℎ𝑐𝑐 ≤ ~250 nm (before the strain burst)

2𝜋𝜋𝜋𝜋ℎ𝑐𝑐                 for ℎ𝑐𝑐 ≥ ~250 nm (after the strain burst)
     (A4) 

 

recalling that we assume ℎ𝑐𝑐 = ℎ. 

After the strain burst, the area function is taken to be that of a perfect sphere with a radius 

of 10 µm. Before the strain burst, the area function was experimentally determined using 

the same frequency specific technique implemented for the Berkovich. The contact is taken 

to be elastic and over the depth range of interest, the indenter tip geometry is closely 

approximated by a parabola of revolution (2𝑅𝑅ℎ𝑐𝑐 ≫ ℎ𝑐𝑐
2). As such, Eq. (A1) reduces to  

 

𝑆𝑆 = 2𝑎𝑎𝐸𝐸𝑟𝑟                                                                      (A5) 

 

where 𝑎𝑎 is the contact radius. Figure A.3 shows the calculated 𝑎𝑎 as a function of ℎ𝑐𝑐 and 

the corresponding curve fit, which gives the indenter tip’s area function over contact depths 

ranging from ~380 to 160 nm. The Hertz solution for an elastic contact gives ℎ𝑐𝑐 = ℎ 2⁄ . 

Alternatively, the Oliver-Pharr model (Eq. (A3)) can be used, as it reduces to the Hertz 

solution in the limit of an elastic contact.  
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Figure A.33. The experimentally determined area function for the 10 μm radius ‘spherical’ 
indenter tip over contact depths (creep depths) ranging from 80 to 160 nm. 
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4 Chapter 4: The Next Steps: Knowledge Gaps, 
Hypotheses, and Experiments 

 

Through instrumented indentation, optical and scanning electron microscopy, and etch pit 

analysis, chapters 2 and 3 provide significant experimental evidence of the unique 

competition for stress relief in small, constrained volumes of indium at room temperature. 

Coupled with the proposed rationalizations, these data and experimental observations 

provide unique insight into the mechanisms of action controlling stress relief before and 

after the strain burst observed in indium. Building on this framework, a more complete and 

comprehensive understanding of small-scale plasticity at high homologous temperatures 

can be developed by filling additional knowledge gaps. Key among them are the following: 

(1) What is the post-test microstructure of indium before and after the strain burst? (2) Do 

measurements of the pile-up volume observed before the strain burst correlate directly to 

the volume of indium displaced by the indenter tip? (3) How does the length scale 

dependent competition for stress relief change with temperature, strain, and strain rate? (4) 

Following the strain burst, does the avalanche of dislocation motion contribute to 

strengthening or is the strengthening negated by simultaneous recovery and 

recrystallization?  

(1) What is the post-test microstructure of indium before and after the strain burst? 

 

Beyond the etch pit analysis performed in the as-annealed condition (before testing), 

characterization of the post-test microstructure of indium was not performed in this study 

because of the unique challenges associated with creating suitable test specimens. Due to 

indium’s high homologous temperature at room temperature, the unique challenge is 

developing a technique for creating sufficiently thin cross-sections through residual 

hardness impressions without enabling relaxation in the form of diffusional flow or 

dislocation motion. The concern is that localized heating and removal of the constraint 

from focused ion beam milling will further activate these stress relaxation mechanisms. As 

such, meaningful comparisons of the microstructure before and after the strain burst could 
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be significantly confounded by differences in the constrained microstructure versus the 

locally heated and unconstrained microstructure observed in the transmission electron 

microscope. Among the techniques that could potentially address this issue, in-situ 

transmission electron microscopy (TEM) experiments cannot solve this problem, as the 

lack of constraint would render meaningful comparisons impossible. Cryogenic TEM of 

the residual harness impressions is a viable path forward, but the challenge of cryogenic 

cross-sectioning and transfer to the TEM still remain. Based on the conclusions presented 

in chapters 2 and 3, filling this knowledge gap relies not on hypothesis testing, but rather 

on providing direct experimental evidence of the before and after microstructure that either 

supports or refutes the following: Plastic deformation observed before the strain burst 

results in no significant change in the dislocation density relative to the as-annealed 

condition. Following the strain burst, it’s a bit trickier. While the expectation is that 

following the burst, the dislocation density naturally increases, the timescale over which 

dynamic recovery and recrystallization influence the structure is largely unknown.  

(2) Do measurements of the pile-up volume observed before the strain burst correlate 

directly to the volume of indium displaced by the indenter tip? 

 

Chapter 2 presents a unique experimental method and model for evaluating the volume of 

indium piled up around the faces of the residual hardness impression. This analysis is 

central to the hypothesis that the dominant stress relief mechanism before the strain burst 

is diffusional flow along the interface between the indenter tip and the surface of the test 

specimen. A direct outcome of this hypothesis is that the volume of indium displaced by 

the indenter tip is uniquely conserved in the form of pile-up surrounding the periphery of 

the contact. As shown in chapter 3, the morphology of the pile-up becomes significantly 

less uniform as the length scale decreases. While the nature of the star-burst like patterns 

is not well understood, conservation of volume is still taken to be a key assumption in 

relation to the stress relaxation mechanism. Additional experimental evidence of the pile-

up volume should be obtained as a function of length scale. It is proposed that reasonable 

estimates of the pile-up volume could be acquired using atomic force microscopy.  
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(3) How does the length scale dependent competition for stress relief change with 

temperature, strain, and strain rate?  

 

Based on the conclusions presented in chapters 2 and 3, the stress directed diffusion that 

occurs before the strain burst is expected to be significantly affected by temperature, strain, 

and strain rate. The basic hypothesis is as follows: If subjected to higher homologous 

temperatures, then indium will support less stress at the same strain and strain rate because 

of the reduced activation energy for stress directed diffusion and the higher diffusion 

coefficient. To test this hypothesis, nanoindentation experiments would be performed at 

elevated temperatures using multiple indenter tip geometries and a range of strain rates 

limited by the thermal stability of the lab at the low end and the system’s measurement 

time constants at the high end. In addressing the active stress relief mechanism before the 

strain burst (stress directed diffusion), additional hypotheses could readily be constructed 

based on the expectation that faster strain rates will lead to higher stresses because of 

shorter diffusion times. Similarly, higher strains are expected to lead to higher stresses 

because of longer diffusion lengths. Of particular interest, these experiments will also 

provide new insight into the transition from diffusion to dislocation mediated flow. At 

elevated temperatures, dislocation multiplication sources presumably require the same 

physical room to operate, but they clearly have a lower activation energy. How the coupling 

between these two variables effects the transition from diffusion to dislocation mediated 

flow is an important element that has yet to be investigated in indium.  

(4) Following the strain burst, does the avalanche of dislocation motion contribute to 

strengthening or is the strengthening negated by simultaneous recovery and 

recrystallization?  

 

After the strain burst, any dislocation multiplication that results in strengthening is 

expected to inhibit stress relaxation. In the context of solid-state-batteries, this outcome 

promotes a less stable interface between a lithium anode and a solid electrolyte separator, 

as the strained volume is capable of supporting larger stress concentrations. To examine 
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this issue, the following hypothesis is proposed: If a plastically deformed volume of indium 

is subjected to nanoindentation at a high homologous temperature, then in comparison to 

its undeformed condition, the indium will support more stress at the same strain, 

indentation depth, and strain rate because the increase in dislocation-dislocation 

interactions results in strengthening.  

This hypothesis assumes that dynamic recovery and recrystallization do not completely 

eliminate the new dislocations created by the strain burst and subsequent deformation. As 

such, it is expected that instrumented indentation experiments performed within the 

strained volume will not exhibit the transition from diffusion to dislocation mediated flow. 

In addition, the measured stress will be significantly lower relative to unstrained indium 

and the stress-depth relationship will exhibit a traditional intrinsic indentation size effect. 

To test this hypothesis, the following two-step procedure is proposed. As schematically 

illustrated in Figure 4.1, the heavily deformed volume of indium is created first by 

performing an impact experiment. This step is carried out by positioning the indenter over 

the targeted test site, lifting the indenter to the top of its range of travel, and then hurtling 

the indenter towards the surface with the maximum load available. Using the InForce 50 

actuator, the resulting impact creates a residual hardness impression in indium that is 

nominally 350 µm along each of the 3 faces.  

 

 

 

 

 

 

 

Figure 4.1. Schematic illustration of the indent pattern used to test the hypothesis stated 
above. 
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As schematically illustrated in Figure 4.1, the plastic zone is expected to extend radially 

outward from the center of the impact impression, creating a gradient in plastic strain. As 

the figure shows, the next step is to perform 3 prescribed arrays of indents along each face 

of the impact crater. These experiments will be conducted at a constant strain rate and 

terminated at a depth of 1 µm, resulting in residual hardness impressions that are nominally 

7.5 µm along each face. From each test site, the hardness will be measured as a continuous 

function of depth. These results will enable the assessment of potential changes in the 

dislocation density by virtue of the change in hardness relative to the unstrained indium. In 

addition, the absence of strain bursts in the load-displacement data will further corroborate 

elimination of the competition for stress relief.  
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